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The permanent magnet candidate α′-Fe8N is a metastable bct phase that has an enhanced magnetocrys-
talline anisotropy compared to its parent bcc phase α-Fe and a much discussed potential giant magnetic
moment. In the first part of this work, the frame conditions to obtain α′-Fe8N are established for thin
films grown by molecular beam epitaxy (MBE). It is found that temperatures of approximately 373K, in
combination with MgO (100) or MgAl2O4 (100) substrates, are required to form the phase of interest.
Either ε-FexN or γ′-Fe4N, depending on the substrate utilized, form at higher nitrogen concentrations.
For higher temperatures of 473 and 623K, the thermodynamic γ′-phase becomes more pronounced and
occupies a broader stability window in terms of temperature and nitrogen content compared to equilib-
rium conditions. From these results, a low temperature thin film phase diagram is established.
The optimization of growth parameters for MBE and sputter grown α′-Fe8N films and the subsequent
determination of their magnetic properties as a function of the degree of tetragonalization is used in order
to clarify the results found in the literature. While no evidence of a giant magnetic moment beyond 2.5µB
per iron atom could be found, the magnetocrystalline anisotropy was increased up to 1.18× 105 J/m3
(1.18× 106 erg/cm3) for MBE grown and 2.05× 105 J/m3 (2.05× 106 erg/cm3) for sputtered films as a
function of the tetragonal distortion while the magnetic easy axis aligns parallel to the c-axis. The Curie
temperature was extrapolated from M vs. T plots and is reduced to (770± 73)K compared to an α-Fe
sample with TC = (1056± 85)K. By annealing samples in vacuum at 353 and 423K, the decomposition
temperature of the α′-phase was investigated, revealing that the onset of decomposition lies significantly
lower than the previously established 453K. An attempt to increase the decomposition temperature by
introducing Co into the phase was performed for (Fe100−xCox)8N with x = 6.4, 8.5, 12.7, 14.8, and 20.
However, Co is found to inhibit the incorporation of nitrogen, leading to inhomogeneous samples with a
wide distribution of c-axis lattice constants most likely due to a mixture of FeCo and Fe-N phases.
Furthermore, boron instead of nitrogen interstitials are introduced into the α-Fe lattice as a potential
method to increase the decomposition temperature. A deposition temperature of 573K is required in
order to obtain crystalline samples for the maximum boron content of 13at.% in the films, determined
by X-ray photoelectron spectroscopy. Qualitatively identical to the evolution observed for α′-Fe8N, the
c-axis lattice constants of the Fe-B samples increase as a function of boron content while the a-axis lattice
constants shrink. Compared to the Fe-N case with a c/a ratio of 1.11, the maximum c/a observed for
the Fe-B samples is 1.05. In addition, the magnetic easy axis remains in-plane while the absolute value
of magnetic anisotropy increases to −5.1× 105 J/m3 (−5.1× 106 erg/cm3). Density functional theory
confirms these results and shows that the local boron ordering is found to be the reason for the easy-plane
configuration.
Die metastabile bct Phase α′-Fe8N ist durch die im Vergleich zu der bcc Ursprungsphase α-Fe erhöhten
magnetokristallinen Anisotropie, ebenso wie einem vieldiskutierten magnetischen Moment jenseits der
3.0µB, ein möglicher Kandidat als seltenerdfreier Permanentmagnet. Im ersten Abschnitt dieser Arbeit
werden die nötigen Parameter für das Wachstum von α′-Fe8N durch Molekularstrahlepitaxie (MBE)
eingegrenzt. Es zeigt sich, dass Temperaturen von etwa 373K, in Kombination mit MgO (100) oder
MgAl2O4 (100) Substraten, das Wachstum der Phase begünstigen. In Abhängigkeit des genutzten Sub-
strates bilden sich bei höheren Stickstoﬀkonzentrationen entweder ε-FexN oder γ′-Fe4N. Im Kontrast
zu Gleichgewichtsbedingungen bildet sich die γ′ Phase bei Temperaturen von 473 and 623K in einem
wesentlich breiteren Stöchiometriefenster aus. Zusammenfassend wird ein aus den genannten Ergebnis-
sen erstelltes Dünnschicht-Phasendiagramm vorgestellt.
Die Optimierung der Wachstumsparameter für MBE und gesputterte α′-Fe8N Schichten, inklusive der ge-
fundenen magnetischen Eigenschaften als Funktion der Tetragonalisierung werden anschlie�en genutzt,
um verschiedene abweichende Ergebnisse aus der Literatur zu erhellen. Obwohl kein Beweis für ein
magnetisches Moment oberhalb von 2.5µB pro Eisenatom gefunden werden konnte, wurde die magne-
tokristalline Anisotropie auf bis zu 1.18× 105 J/m3 (1.18× 106 erg/cm3) für durch MBE gewachsene
und 2.05× 105 J/m3 (2.05× 106 erg/cm3) für gesputterte Schichten als Funktion der tetragonalen Verz-
errung erhöht, während die magnetische Vorzugsrichtung sich parallel zur c-Achse ausgerichtet hat. Die
Curie Temperatur wurde mit Hilfe von M vs. T Messungen auf (770± 73)K extrapoliert, ein Wert der
geringer ausfällt als das TC von α-Fe mit (1056± 85)K. Des Weiteren wurde die Zerfallstemperatur von
α′-Fe8N durch Tempern im Vakuum bei 353 und 423K untersucht. Hierbei zeigte sich, dass der Zerfall
bereits bei wesentlich geringeren Temperaturen einsetzt als die bisher in der Literatur etablierten 453K.
Ein Versuch, den Zerfall durch den Einbau von Co in das Gitter zu verzögern wurde für (Fe100−xCox)8N
mit x = 6.4, 8.5, 12.7, 14.8 und 20 durchgeführt. Dies verringerte allerdings die Menge des gelösten
Stickstoﬀes, wodurch inhomogene Schichten mit einer breiten Verteilung von c-Achsen-Gitterkonstanten
entstanden. Ein möglicher Grund für dieses Verhalten ist das parallele Wachstum von FeCo und Fe-N
Phasen.
Der Ansatz, die Zerfallstemperatur durch interstitielles Bor anstelle von Stickstoﬀ zu erhöhen, wird ab-
schlie�end behandelt. Es wurden Wachstumstemperaturen von 573K benötigt, um kristalline Proben
mit einem maximalen Boranteil von 13at.%, gemessen durch Röntgenphotoelektronenspektroskopie,
herzustellen. Das qualitative Verhalten ist hierbei identisch zu α′-Fe8N, da eine Ausdehnung entlang
der c-Achse ebenso wie eine Verkleinerung der a-Achsen-Gitterkonstante als Funktion des Boranteils
beobachtet wurde. Es zeigt sich aber, dass das c/a Verhältnis der Fe-N Phase mit 1.11 stärker ausgeprägt
ist, als das der Fe-B Phase mit 1.05. Zusätzlich dazu verbleibt die magnetische Vorzugsrichtung in der
Ebene während der Betrag der magnetischen Anisotropie auf −5.1× 105 J/m3 (−5.1× 106 erg/cm3)
steigt. Mit Hilfe von Dichtefunktionaltheorie werden diese Ergebnisse bestätigt und es zeigt sich, dass
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1 Introduction
Permanent magnets are irreplaceable in many modern technologies. They can be found in smartphones,
electric and hybrid cars, gearless wind turbines, and many more applications. At the present time, two
main groups of permanent magnets exist and are used depending on the necessary performance in their
application. The first group are the ferrite based permanent magnets. They are cheap and make up the
majority of the yearly volume of the world permanent magnet production. One drawback of the ferrites
is their comparably small energy product which makes them unsuitable for applications which require a
high performance.
For these particular cases the rare-earth based magnets, most prominent amongst them the Nd2Fe14B
compound, are employed. They exhibit an extraordinary energy product above 240 kJ/m3 (30MGOe),
allowing for a high eﬃciency of e.g. generators or motors in which they are used [1]. Unfortunately,
these compounds have one technological and one political drawback. To begin with, if the operating
temperature in a given application surmounts approximately 353K, the Nd2Fe14B phase has a signif-
icantly reduced performance due to its relatively low Curie temperature [2]. This can be resolved by
alloying it with heavy rare-earth elements like dysprosium or terbium to increase the Curie temperature.
Unfortunately, due to the antiferromagnetic coupling of these heavy rare-earths to the iron sublattice,
the alloying leads to a reduction of the remanent magnetization and the energy product, which therefore
lowers the performance of the magnet while at the same time increasing its cost [3].
































Figure 1: World rare-earth (RE) production in kT per country
(left axis) and Chinese contribution to the rare-earth
production (right axis). Data adapted from [4].
In addition, the world mining yield
of rare-earth containing ores has been
dominated by China for approximately
20 years, with a maximum contribu-
tion of around 97% in the years 2006−
2010, as shown in Fig. 1. This virtu-
ally monopolistic situation led to the
so-called rare-earth crisis in the year
2010/11. During this time, China re-
duced the export quotas for rare-earth
elements by approximately 11% which
led to an escalation of the prices for all
rare-earths shown in figure 2, with peak
prices that were 650%, 1800%, and
450% higher than the pre-crisis price
for dysprosium, and terbium, respec-
tively. Although the export restrictions have been removed and the prices have almost returned down to
their level before the crisis, the supply situation is mostly unchanged. At the same time, the demand for
high performance magnets is steadily rising due to, for example, the increasing numbers of electric cars
and wind turbines. Specifically in the case of the heavy rare-earths, the extrapolated future demand will
exceed the available production capacities [4].
To alleviate these problems, three main technological approaches are presently being pursued. Firstly,
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reducing the usage of expensive heavy rare-earth elements in Nd2Fe14B for high temperature applications
leads to reduced costs while simultaneously improving the energy product of the magnet. This can be
achieved by the means of new, so-called grain boundary diﬀusion processes through which the heavy
rare-earth containing (Nd,Dy)2Fe14B or (Nd,Tb)2Fe14B coats pure Nd2Fe14B grains [5–8].
Secondly, rare-earth balance magnets are developed in order to make more eﬃcient use of the so-called
rare-earth basket. This term describes the fact that no rare-earth can be mined exclusively, resulting in a
stockpiling of the more abundant and less used, therefore cheap, rare-earth elements like cerium and lan-
thanum. Amongst others, two exemplary approaches to rare-earth balance magnets are (CeNd)FeB [9]
as well as lanthanum based magnets like La2Co7 [10] are under investigation.

































Figure 2: Year-end prices for the oxides of Ce, Nd, Dy, and Tb.
The inset displays the price evolution for the oxides
of Nd and Ce. Data adapted from [4].
Finally, research for rare-earth free per-
manent magnets is being conducted
and can also be divided into various
diﬀerent approaches. One option is to
take an already existing (super-)hard
magnet with high anisotropy and im-
prove its energy product by increas-
ing the remanent magnetization of the
magnet. This can be achieved by the
combination of a high saturation mag-
netization but low anisotropy magnetic
anisotropy material like Fe65Co35 with,
for example, MnBi in order to cre-
ate a spring-exchange magnet which
combines the hard magnetic properties
of MnBi with the high saturation of
Fe65Co35 [11, 12]. Another path is the magnetic hardening of a high saturation magnetization but
low magnetic anisotropy material like α-iron by the means of structural distortion. By theory as well as
thin film experiment, highly distorted FeCo has been shown to exhibit a vast increase in its magnetic
anisotropy up to approximately 1× 107 J/m3 (1× 108 erg/cm3) [13, 14]. Since these properties were
obtained by the means of a tailored epitaxial strain on the FeCo that, in this magnitude, can only be
stabilized for a few atomic layers, an alternative has to be found in order to achieve these properties in
bulk samples. The well known iron nitride α′′-Fe16N2 is an example for this approach. Here, the nitro-
gen atoms diﬀuse into interstitial positions on the bcc iron lattice which causes a tetragonal distortion,
resulting in an increased magnetic anisotropy. This distortion could also be achieved for powder and
bulk samples, therefore making this phase a potential permanent magnet candidate [15].
This thesis is divided into three principal parts to address this topic. The first part serves as a general
introduction to the work and features a short survey of the most commonly used experimental techniques
as well as an introduction into magnetism in chapter 2 and 3, respectively. Additionally, a review of
the current state of research on α′′-Fe16N2 and α′-Fe8N is given in chapter 4 in order to elucidate the
many, sometimes conflicting, reports on the magnetic and structural properties. The second part deals
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with the experimental results obtained for iron nitride samples and is divided in two chapters. Chapter
5 contains studies on diﬀerent growth temperatures, substrates, and growth rates in order to establish a
low temperature thin film phase diagram as a foundation for further work on the iron nitride system in
general and α′-Fe8N in particular. It serves as a framework for chapter 6, where a detailed optimization
of the growth conditions for α′-Fe8N is performed and the resulting magnetic anisotropy, magnetization,
and Curie temperature in addition to investigations concerning the decomposition temperature are given.
A first attempt to improve the decomposition temperature by substituting iron with cobalt to achieve
(Fe100−xCox)8N is also discussed. In addition, the chapter is concluded by an evaluation of α′-Fe8N as
a potential permanent magnet. The third part, covered by chapter 7, presents a second approach to
achieve an enhanced anisotropy and/or decomposition temperature by utilizing boron instead of nitrogen
interstitials. Finally, this work is summarized and concluded in chapter 8 and an outlook is given in
chapter 9.
While finding a replacement for Nd2Fe14B would be the ultimate goal for the performance of any new
(rare-earth free) permanent magnet and therefore this work, the main interest lies in closing the gap
between the low cost, low performance ferrites and the high cost, high performance rare-earth based
magnets.
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2 Experimental
This chapter gives an overview over the general background on thin film growth, see section 2.1, in
addition to the experimental techniques used to synthesize and characterize the samples. In the scope
of this work, the samples were grown either by molecular beam epitaxy (MBE) or radio frequency (rf)
magnetron sputtering, briefly described in section 2.2 and 2.3, respectively, with the exception of the
iron boride films that were grown exclusively by MBE. Section 2.4 represents a brief introduction into
X-ray diﬀraction (XRD), the technique used in order to investigate the crystal structure and orientation,
as well as X-ray reflectometry (XRR), utilized to extract the film thickness, roughness, and density.
Superconducting quantum interference device (SQUID) magnetometry, treated in section 2.5, was used
to measure the magnetic properties.







Figure 3: Processes occurring during the thin film growth from the gas phase.
For modern thin film devices like processors and sensors, a defined amount of atomic layers have to be
deposited with atomic precision. By controlling the deposition rate of atoms from the gas phase as well as
the kinetic and thermodynamic boundary conditions during the deposition, the non equilibrium process
of thin film growth, schematically shown in figure 3, can be utilized to grow specific structures onto a
(crystalline) substrate [16]. Thin film growth can be divided into five diﬀerent steps: Physisorption,
surface diﬀusion, chemisorption, nucleation, and continued growth. During the first stage, atoms can
either penetrate the surface, be reflected by or adsorbed onto the surface as well as desorb from it. For
the surfaces of single crystals, the process of adsorption is well described by the Langmuir isotherm. It
4
is assumed that the atoms in the gas A and the adsorption sites S on surface are in a constant exchange
with the occupied sites AS as described by
A+ S AS. (1)








with kA being the equilibrium adsorption rate, kD the equilibrium desorption rate, and p the adsorbate
gas pressure can be defined. The change of surface coverage for adsorption ΘA and for desorption ΘD
can then be written as
dΘA
d t
= kApNS(1−ΘA), dΘDd t = −kDpNSΘD, (3)
with NS being the total number of sites on the surface. The first step of adsorption is called physisorption.
Here, the adsorbed atom will be only weakly bonded to the surface by Van-der-Waals forces with a binding
energy below 1 eV. Physisorbed atoms have a high diﬀusion length in the range of micrometers with a
surface mobility that is described by the surface diﬀusion coeﬃcient D with
D = a2νe−Vs/kBTs , (4)
where kB is the Boltzmann constant, Ts is the substrate temperature, Vs is the potential energy barrier
between adsorption sites, and a is the eﬀective hopping distance between adsorption sites. The term
ks = νe−Vs/kBTs is the site-to-site hopping rate of an adsorbed atom. At a constant adsorption rate of
atoms on an initially flat surface, D defines the distance of an adsorbed atom to an existing nucleation
site or to another adsorbed atom with which another nucleation site could be formed. During the film
growth, D decreases until it reaches a steady state. Generally, the density of nucleation sites, also called
islands, decreases with increasing D and increases with increasing deposition rate. The two parameters
that are used to tailor the growth of thin films are thus the surface diﬀusion that can be controlled via
the substrate temperature Ts and the deposition rate [17].
As atoms bond together to form nucleation sites, chemisorption occurs, giving rise to a binding en-
ergy between 1 and 10 eV. Chemisorbed atoms have a vastly reduced diﬀusion length in the range of
nanometres. For stable islands to be formed, the critical island size needs to be overcome. Below this
size threshold, single adatoms are energetically more favourable than islands due to the surface energies
of the involved interfaces. This relationship is summed up by the total Gibbs energy ∆G
∆G = A1γiv + A2(γis − γsv ) + V∆Gv (5)
with A1 being the contact surface of island to vapour, A2 the surface of island to substrate, γiv the surface
energy between island and vapour, γis the surface energy between island and substrate, V the volume of
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the island, and ∆Gv the relative Gibbs energy between the gas phase and the island [17].
Depending on the relative magnitudes of the γx , three diﬀerent general growth modes can be distin-
guished. If
γsv > γiv + γis (6)
applies, a smooth film that wets the surface of the substrate will form. This so called Frank-van der
Merwe growth, see also figure 4(a), equals a two dimensional growth of consecutive (mono)layers. The
case of
γsv < γiv + γis (7)
is called Vollmer Weber or island growth, depicted in figure 4(b), that is characterized by a slow surface
diﬀusion. Here the growing film reduces the interface area to the substrate by forming islands, leading to
a three dimensional growth and subsequently to a rough film. During the third growth mode, called the
Stranski-Krastanov growth, shown in Fig. 4(c), one initially observes the growth according to equation 6.
After a few layers grown in a two dimensional mode, equation 7 applies and islands are formed on the
first smooth layers. This mixed growth mode results from a misfit to the substrate, with relaxation of




Figure 4: (a) Frank-van der Merwe growth, (b) Vollmer Weber growth, and (c) Stranski-Krastanov
growth.
In addition to these three equilibrium growth modes that usually require growth temperatures above
473K, non-equilibrium growth modes are of interest in order to grow thin films of metastable phases.
When films are grown at either high growth temperatures or with a low deposition rate, adatoms are
suﬃciently mobile or have suﬃcient time to diﬀuse to the nearest step. This so called step-flow growth
results in a high step density of the grown film, a feature that can be clearly distinguished with the help
of reflection high energy electron diﬀraction (RHEED). For either low temperatures, high deposition
rates, or low step densities, diﬀusion is limited and adatoms immediately nucleate. Given suﬃcient time,
a smooth monolayer is formed upon which islands grow again, resulting in alternating high and low
roughnesses of the film [17,18].
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2.2 Molecular beam epitaxy
Molecular beam epitaxy, or short MBE, is a physical vapour deposition (PVD) technique that was
developed around 1968 at the Bell Telephone Laboratories by Arthur and Cho. Already around 1958,
the basic idea was established by Günther for semiconductors [19, 20]. It was shown that by MBE, one
can grow atomically flat and ordered layers, a necessity for reproducible thin film device characteristics.
During approximately five years after the first reports, MBE was quickly established as a powerful tool
for semiconductor research and until today, its primary use is the growth of films for semiconductor
devices [21]. Characteristically, the attainable deposition rate of MBE is low enough, from below one
monolayer per second to several nanometres per second, to allow epitaxial growth. In combination with
a vacuum in the range of approximately 10−6 to 10−10 Pa (10−8 to 10−12mbar) due to which the atomic
beam emitted by the source travels collision free to the substrate, high-quality films can be achieved.
The achievable level of purity in the final films are strongly dependent on the vacuum of the system [22].









with p being the gas pressure, m the atomic mass of the gas, kB the Boltzmann constant, and T the
temperature of the system. As an example, a partial oxygen pressure of 10−6 Pa at room temperature
results in a deposition rate of 3× 1012 cm−2s−1. A solid surface equals roughly 1014 atoms per 1 cm2
which means that even at 10−6 Pa one monolayer of oxygen would be formed within 34 s. As a direct
consequence, a deposition rate of one monolayer per second of a specific material would have an oxygen
impurity concentration of 3%. While this concentration is also depending on the reaction rate of the
deposited material with the residual gases, it is clear that industrial level impurity rates of one part per
million or less require pressures of or below 10−10 Pa.
Typical MBE setups are composed of several key components:
• Material evaporation source(s)
• Growth rate monitoring
• Source shutter(s)
• Substrate holder and heater
• Reflection high-energy electron diﬀraction (RHEED) setup
• Cooling shroud
The key aspects to MBE are the low background pressure during deposition and the RHEED setup
which will be discussed in section 2.2.1. Amongst others, the low pressure is achieved by a liquid ni-
trogen filled cooling shroud in the chamber. Its low wall temperature leads to an adsorption of residual
gases, thus eﬀectively acting as a cryogenic pump. In addition, the material flux from the sources that
was not deposited on the substrate condenses on the cooling shroud, resulting in only a minor increase
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of background pressure during source operation. Due to this low background pressure, RHEED can be
used for in-situ growth monitoring of the films [22].
Another important point that has a strong influence on the thin films’ properties is the temperature
control, since many materials or material systems require a specific growth temperature in order to ob-
tain a suitably good crystal quality and/or the desired phase. Unfortunately, it is technically diﬃcult to
achieve a good thermal contact between a (semiconductor) substrate and the heater. The first heaters
used indium as a low temperature melting metal to form a liquid thermal contact. However, at tem-
peratures above 873K, the vapour pressure of indium becomes significant, resulting in contamination
of the films. To solve this problem, radiative heaters were developed. Here, the substrate is mounted
on a ring and irradiated from the back by a resistive element or an infrared laser, eﬀectively avoiding
contamination and allowing a fast change of temperature if necessary [22,23].
Depending on the melting point as well as the desired deposition rate of the element, two techniques are
most commonly used to achieve a controlled evaporation of specific elements. Eﬀusion cells are used for
most elements that have a comparably low melting point up to operating temperatures of around 1673K
at which the cell materials’ vapour pressure is suﬃciently low for the required purity of the sample. The
evaporation takes place by heating the source material in a crucible of, for example, pyrolytic boron
nitride. This leads to a beam of atoms that are thermally ejected towards the substrate, resulting in
an extremely stable evaporation rate. It can be controlled by varying the temperature down to steps of
0.1 K, is monitored by a thermocouple close to the crucible bottom. However, even special high tem-
perature eﬀusion cells are limited to maximum operating temperatures of around 2273K. For materials
that have a high melting point like carbon, hafnium, or boron as well as applications that require high
deposition rates which would exceed this temperature limit, eﬀusion cells are of limited use. In these
cases, electron beam evaporators are used. Here, an electron beam with an accelerating voltage of about
3 to 40 kV is directed onto the evaporation material. Due to the low penetration depth of electrons,
their kinetic energy is converted to thermal energy at or near the material surface. This causes a local
melting of the source material that leads to a material flux towards the substrate. Furthermore, this
material flux has to be measured in-situ and controlled in order to obtain the correct stoichiometry one
desires for the given film. Many diﬀerent techniques are known for this, ranging from RHEED intensity
oscillations (see section 2.2.1) that can be used for high-quality films only, ellipsometry for which the
film has to be relatively transparent to the probing wavelength, mass spectroscopy where the integrated
intensity of a specific spectral line is used, up to quartz crystal microbalances (QCM) which measure the
shift in resonance frequency with increasing deposition mass on a crystal. To achieve compounds with
a specific stoichiometry, modern semiconductor MBE systems use a shutter controlled thin film growth.
Here, the sources are kept at a constant preset rate that is independent of the compound. During the
deposition the shutters of each source are opened and closed consecutively for a set amount of time. As
long as the temperature of the substrate is high enough to provide suﬃcient mobility to the impinging
atoms, a stack of diﬀerent monolayers is formed at first which then subsequently leads to the formation
of the intended compound [22,23].
The system used during this work is a standard UHV MBE system by Thermionics, with a base pres-
sure of about 10−7 Pa (10−9mbar). The unit is equipped with three e-gun evaporators as well as a
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(b) Schematic of the MBE unit used in this work.
Figure 5: MBE instrumentation
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high-temperature eﬀusion cell and a cooling shroud. As can be seen in the schematic in Fig. 5(b), in-
situ growth monitoring is carried out via RHEED, while QCMs equipped with collimators are used for
rate monitoring of individual sources. Contrary to typical semiconductor MBE systems, stoichiometry
control is achieved through a feedback loop that controls the rate of each source independently. The
nitridation was achieved through means of an rf radical source about which more details can be found
in section 2.2.2. Details about the deposition process as well as the substrate treatment can be found in
appendix C.
2.2.1 Reflection high-energy electron diﬀraction
Reflection high-energy electron diﬀraction is a versatile tool which can be used to obtain information
about the surface structure and orientation, surface morphology, as well as the growth mode through the
diﬀraction pattern. In addition, growth rates can be measured by RHEED intensity oscillations, making
it a powerful tool for in-situ thin film growth monitoring. An electron gun accelerates electrons towards
a sample at a low incident angle typically below 5°, resulting in diﬀraction of the electrons at the sample.
The diﬀracted electrons then hit a phosphorus screen, resulting in a bright diﬀraction pattern which is
usually recorded by a camera [24].
Only electrons that fulfil the Bragg condition
k⃗d − k⃗i = G⃗ (9)
with k⃗d and k⃗i being the diﬀracted and the incident wave vector of the electrons and G⃗ being the
reciprocal lattice vector are diﬀracted. Since RHEED is used with low incident angles θ , only the
surface of the sample is probed. For this case of a quasi-two-dimensional layer, the reciprocal space
evolves from a three-dimensional point grid into so called truncation rods that are parallel to the surface
normal. As long as the scattering process is elastic with |k⃗d | = |k⃗i| = k, the Ewald construction can be
used to determine the possible k⃗d . In this case, all diﬀracted vectors must end on the surface of a sphere,
called the Ewald sphere, with a radius of k. For this reason, all diﬀraction spots with the same order of
diﬀraction form a circle, called Laue circle, on the screen [24].
By measuring the distances between the diﬀraction spots on the phosphorus screen, the reciprocal lattice
spacing and by this the lattice constants for layers with known orientations can be calculated. For long
distances between sample and screen ds and a low order of diﬀraction, the truncation rod spacing g





with l being the distance between two diﬀraction spots on the screen. In the next step, the lattice plane
spacing d can be derived by d = 2pi/g from which the lattice constants can be calculated. A simpler
method to obtain the lattice constants is to use a calibration substance, ideally a single crystalline
substrate, with known lattice constants and therefore lattice spacing dcal under a defined azimuth to
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This method has the advantage of cancelling out errors caused by the determination of the acceleration





Figure 6: Schematic RHEED patterns (a) for ideally flat surfaces, (b) during step-flow growth, and (c)
island growth.
In addition, the diﬀerent growth modes, discussed in the previous section, can be distinguished by the
changes of the pattern, displayed in Fig. 6. The ideal case for flat surfaces of two-dimensional lattices,
observed for Frank-van der Merwe growth, results in the aforementioned sharp truncation rods that in
turn give rise to sharp diﬀraction spots. For high step densities on the surface, encountered during
step-flow growth, the truncation rods broaden. Additionally, the electrons that undergo diﬀraction have
a certain range of energies due to which the Ewald sphere is not infinitely thin as would be the case
for monoenergetic electrons. Both eﬀects cause the spots to lengthen into streaks on the screen. When
islands grow on the sample surface, the diﬀraction pattern resembles three-dimensional diﬀraction due to
the reciprocal lattice reverting from the purely two-dimensional rods to a three-dimensional arrangement
of smeared out spots [24].
2.2.2 Radiofrequency radical source
To achieve nitride or oxide thin films during some of the first thin film experiments, the background
pressure of the corresponding gases was increased accordingly. However, in order to achieve a stable
source operation and high-quality thin films via MBE, an as low as possible deposition pressure is re-
quired as was elaborated in section 2.2. By using a beam of atomic nitrogen or oxygen which has a
higher reactivity than the respective molecular gas species, the pressure in the chamber as well as the
deposition temperature can be significantly reduced while maintaining the same level of nitridation or
oxidation [26]. Due to the low decomposition temperature of iron with nitrogen interstitials, these im-
provements are of special interest for this work [27,28].
The origin of the atomic gas beam is a plasma discharge which is created through an inductively coupled
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coil operating at 13.56MHz. The electric field causes the electrons and atom cores to separate due
to their mass diﬀerence, thus forming a plasma that is maintained by high energy electrons [29]. By
the means of an aperture plate the gas flow out of the discharge tube is limited, therefore maintaining
pressures suﬃciently high to ignite and sustain a plasma discharge within the tube. In addition, the
aperture thickness as well as its hole diameter influence the velocity distribution of the gas beam emitted
by the source [30]. While the pressure required to strike a plasma depends on the ionization potential of
the utilized gas, the pressure in the discharge tube can be reduced (or increased) to the desired operating
point once the plasma discharge is formed. In order to adjust the nitridation and oxidation levels, two
parameters are available: the pressure in the discharge tube that can be adjusted via the gas flow into
the source as well as the rf power supplied. However, an increasing gas flow results in a nonlinear increase
of the radical flux due to collisions mostly taking place between the gas atoms and the tube walls for
low pressures, while higher pressures inside the tube promote intramolecular collisions until the plasma
breaks down for even higher flows. Contrary to this behaviour, changes in the rf power translate linearly
to the radical flux of the source, making it a more suitable parameter for precise stoichiometry scans
with defined steps. To get an insight on the relative change in radical flux at diﬀerent sets of parameters,
the brightness of the plasma, measured by a photodiode, can be used [26–28].
For this work, an rf radical source (HD25, Oxford Applied Research) was used to nitride the samples
during growth. To modify the parameter space for a stable plasma to the lowest possible flow and
eliminate the risk of oxygen being released from a quartz discharge tube, a custom discharge tube and
low flow aperture were designed and manufactured. Two aperture variants with either 41 or 65 holes
of diameter of 0.2mm, mechanically drilled by Drill Service (Horley) Ltd, ensured a stable plasma even
to the lowest possible flow of 0.01 sccm that is available from the mass flow controller. The material
used was HeBoSint D 100, a machinable boron nitride bought from Henze BNP AG. For all samples
encompassed in this work, the aperture with 41 holes (see appendix A) was chosen and used.
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2.3 Sputtering
Sputtering, another PVD technique, makes use of ion or atom bombardment in order to eject atoms
and clusters out of a target onto a substrate where a thin film is formed. The components of thin film
deposition sputter coaters are similar to that of MBE with a substrate holder/heater, source shutters
and of course the sources themselves. Contrary to the evaporation techniques used in MBE, not only
the thermodynamics of growth but also the kinetics of the clusters impinging on the substrate can
be modified by changing the background gas pressure. The process of sputtering was first described
approximately 160 years ago by Grove and Plücker and was occasionally used to make mirrors. Only
after a publication by Crookes in 1891, research interest increased and several studies about sputtering
yields of diﬀerent materials as well as constant modifications and improvement to the process were
performed subsequently [31]. However, it took until the 1980s for sputtering to become a commercially
available process with a sputter coating machine by Leybold. Modern sputter coaters are widely used for
magnetic hard disks, integrated circuits, as well as optical coatings. Many variations of the sputtering
process exist, amongst others ion-beam sputtering, reactive sputtering, and ion-assisted sputtering can
be found. Due to the relative similarity of these processes, only the radiofrequency magnetron sputtering
that was used to synthesize the samples for this work will be described in more detail [21, 32].
When a radiofrequency of usually 13.56MHz is applied between a capacitively coupled target and the
chamber wall, the electrons and ions of the sputtering gas used are separated from each other due to
their diﬀerence in mass, similar to the process within the radical source discussed in the previous section.
Since no current can flow through the target because of its capacitive coupling, rf sputtering allows the
use of insulating target materials. In addition, a negative potential forms on the target so that the
positively charged sputter gas ions are accelerated towards it. Through gas ions colliding with the target
surface, atoms and small clusters are ejected from the target [32].
The resulting erosion rate is not dependent on the temperature but only on the relative mass of the gas
to the target material, the angle at which the gas ions impact on the target, as well as the ionization
of the gas. The highest erosion rate is achieved when the atomic mass of the sputter gas is similar
to that of the target, therefore maximizing the kinetic energy transfer from gas ions to target atoms.
The amount of ejected particles per incident particles, called sputter yield Y , as a function of the ion
energy is, exemplary shown for an iron target with Ar sputtering gas at an angle of 90°, 0.7 at 300 eV,
1 at 500 eV, and 1.7 at 1000 eV [33]. Interestingly, the sputtering yield is, within less than one order
of magnitude, relatively similar for most materials. This lies in contrast to the vastly diﬀerent vapour
pressures of materials that need to be considered for film growth by MBE. The final erosion rate R can





with J being the ion current density of the gas in mA/cm2, Ma the atomic weight of the target atoms,
and ρ the density of the target [33]. In addition to the rate, the mean free path of the ejected particles
as well as the plasma intensity can be adjusted by the background pressure of the sputtering gas,
providing a means to control the kinetic energy of the particles and the deposition rate at the substrate.
Unfortunately, the necessary minimum pressure to achieve a plasma discharge severely limits the pressure
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range in which one can sputter. Already in 1936, Penning discovered that a magnetic field increases the
plasma intensity and thus reduces the necessary pressure to achieve a stable plasma [34]. This is caused
by the Lorentz force F⃗L that forces electrons with a velocity v⃗ on cycloidal orbits in a magnetic field B⃗
as described by the Lorentz equation
F⃗L = qv⃗ × B⃗ (13)
in the absence of an electrical field E⃗. The magnetic field traps the electrons close to the target in
cycloidal orbits which result in an increased collision probability between electrons and gas atoms, hence
causing a higher ion density during the process. Typical planar magnetron sources, as were also used for
this work, are schematically displayed in figure 7(b). The system used for this work is a standard UHV rf
magnetron sputtering system, shown in figure 7(a), with a base pressure of about 10−6 Pa (10−8mbar). It
is equipped with three magnetron sources that can be operated with either dc or rf sputtering. Typically,
argon is used as a sputtering gas and a butterfly valve is employed to control the pressure during the
process, while additional gas inlets allow the use of up to two additional gases in order to grow, for
example, nitride or oxide materials [32]. Further details on the sample growth process, especially the
pre-sputtering of the target, is added in appendix C.
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(b) Schematic of the sputtering unit used in this work.
Figure 7: Sputtering instrumentation
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2.4 X-ray analysis techniques
The most frequently used analysis techniques used for this work are X-ray diﬀraction, short XRD, and
X-ray reflectometry, short XRR. With these two techniques, the crystal structure with the lattice con-
stants, crystallographic orientation of the film compared to the substrate, as well as the thicknesses
and the roughnesses of the diﬀerent layers can be determined amongst others, making them powerful
tools towards optimizing the parameters of thin film growth. In order to keep this overview short, the
generation of X-rays will be omitted from this section and only the background of XRD and XRR with
respect to their application in crystallography will be explained. The device used for this work was a




Figure 8: Geometric relationship between the incident and
diﬀracted X-ray, the plane distance d, and the X-
ray path diﬀerence dsinθ .
X-ray diﬀraction can only occur when
the wavelength of the incident beam is
of the same order of magnitude as the
features to be observed. For this rea-
son, typical X-ray wavelengths used for
crystallography are in the range of 1 to
100Å which corresponds to the range
of distances between lattice planes in
crystals and an according energy of
around 0.1 to 10 keV. Back in 1913,
the Bragg formulation of X-ray diﬀrac-
tion was developed by W.L. Bragg and
W.H. Bragg after observing character-
istic diﬀraction patterns of X-rays that were projected on crystalline samples [35]. It was concluded that
a crystal is a periodical arrangement of atoms that act as the scattering centres, with parallel planes
of atoms that have a fixed distance d. This periodical arrangement leads to a defined phase relation
between the scattered X-rays. For a sharp peak to be observed, the incident as well as the diﬀracted
beam have to have the same angle with respect to crystal planes. In addition, the X-rays diﬀracted
from all planes parallel to the first plane have to contribute and interfere constructively. The well known
Bragg law
mλ= 2dsinθ (14)
with m being the integer order of reflection, λ the wavelength of the X-ray, and θ the angle of incidence
explains this behaviour that is displayed in figure 8. Equation 14 also explains the wavelength require-
ments for scattering with the lattice planes. For a maximum angle of θ = 180°, sinθ = 1 which, inserted
into the Bragg equation, gives the wavelength requirement of
λ < 2d. (15)
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It is important to note that the diﬀraction angles are only dependent on the unit cells geometry. X-
ray diﬀractometers make use of this relationship by using for example Cu-Kα radiation with a fixed
wavelength of 1.5406Å. By then varying the incident X-ray angle and measuring the intensity of the
diﬀracted beam, d-values can be experimentally measured and converted into the lattice constants a, b,
and c [36].
In addition to the unit cell based diﬀraction direction, one also observes diﬀerences in the intensity of
the diﬀracted beam up to a point of the disappearance of a diﬀraction peak predicted by the Bragg
condition. This can be explained by the two origins of a scattered beam, the electrons and the atom
itself. Electrons can elastically scatter X-rays by first being excited by the incident beam and then
radiating coherent X-rays of the same wavelength and frequency as the incident beam, as described
by the Thomson equation. A second scattering process, the Compton eﬀect, can also occur between
X-ray and electron. Here, a weakly bound electron is displaced by the X-ray, causing a deflection of
the beam. This eﬀect also reduces the energy of the photon and consequently increases the wavelength
of the radiation. The scattering by an atom can be considered as the sum of Thomson scattering of
each electron within the atom. However, since the electrons are placed at diﬀerent positions around the
nucleus, this scattering is depending on the scattering angle. To describe this, the atomic scattering





with Aa the amplitude of the X-ray scattered by an atom and Ae the amplitude of an X-ray scattered
by one electron. The maximum value of f equals the atomic number Z for a scattering angle of θ = 0,
since the scattered X-rays of all electrons are in phase and interfere constructively. For greater angles the
scattered X-rays interfere more and more destructively, resulting in a reduced atomic scattering factor.
However, f only considers the diﬀraction by one atom. To obtain the solution for the unit cell, first the
amplitude and the phase of each scattered wave has to be taken into account, giving rise to the complex
expression
Aeiφ = f e2pii(hu+kv+lw) (17)
with the intensity of the wave A, its phase φ, the miller indices h, k, and l, as well as the fractional
coordinates u = x/a, v = y/b, and w = z/c. By then summing up the expression from equation 17






However, while F is a complex number containing both phase and amplitude information of the diﬀracted
X-ray, only the intensity of the X-ray, corresponding to |F |2, can be measured experimentally in most
laboratory detectors. This so called phase problem can be solved mathematically by calculating the phase
information of the wave. Another solution is the use of highly coherent X-rays, usually obtained by a
synchrotron. If the coherence can be maintained from the source until diﬀraction, the phase information
can be extracted experimentally [36,37].
While XRD techniques make use of diﬀraction at an atomic level, XRR is a technique that uses reflection
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to resolve the layer structure, density gradient, and interface roughness of a given system. This is
accomplished by shining X-rays in a small angle, usually below 5° with respect to the surface, onto
a sample. The occurring reflection can be explained by classical optics and is only dependent on the
incident angle θ and the index of refraction n
n= 1−δ+ iβ , (19)
with δ the dispersion and β the absorption, of the layers to be investigated. Since an XRR measurement
probes the macroscopic scales in the system, it can also be performed on amorphous samples to resolve
the geometric properties. Due to the refractive index n of X-rays for most materials being smaller than
one, total reflection for θ being smaller than the critical angle of reflection θc occurs. The value of the
critical angle can be used to calculate the density of the system by applying Snell’s law at the critical
angle and assuming β = 0. For small angles and only one layer, this results in












where r0 is the Bohr atomic radius and ρ is the density of the material. Hence, by determining θc, the
density of a film can be calculated [36].
For angles θ > θc, the X-rays penetrate into the sample and are reflected at the interfaces of the film.
This leads to angle dependent interference between the reflected beams, causing the characteristic fringes
called Kiessig fringes to appear. Assuming β = 0 and taking Snell’s law,
nsinθ =
Æ
θd − 2δ (22)
with θd being the angle between the surface and the beam within the layer. By replacing δ according
to equation 21 and inserting it into 2tnsinθd = mλ with t being the layer thickness, one obtains
2t
q
θ 2d − θ 2c = mλ. (23)
For more complex layer geometries, the recursive Parratt algorithm is used to calculate the contributions
of all layers in the system by which the diﬀerent thicknesses can be fitted [36,38].
The third parameter that can be extracted from XRR measurements is the interface roughness. Non-ideal
samples exhibit a non zero interface roughness at all interfaces. Small roughnesses that are distributed
over several hundreds of nanometres can cause a misorientation of the surface with respect to the average
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orientation. Larger local roughnesses with a lateral dimension from atomic level to a few nanometres
cause a strong deviation of the surface orientation. The first type of roughness, also denominated
as waviness, causes a broadening of the reflected beam which reduces the angular resolution of the
measurement. The second type of roughness reduces the intensity of the reflected beam and can be
quantified by the model of Névot and Croce [39]. It assumes that the expectancy value of the position







where σr denotes the standard deviation as a measure for the roughness that is usually designated as







(zi − z0)2. (25)
As already been mentioned, this roughness causes a drop in the intensity of the reflected beam which can





with α being the sliding angle [36,39].
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2.5 SQUID magnetometry
Throughout this work, the magnetic characterization was carried out in a Quantum Design Magnetic
Property Measurement System (MPMS). In order to measure magnetic moments with a high sensitivity,
this MPMS employs a superconducting quantum interference device (SQUID), a device whose function
will be illustrated in the following. The DC SQUID was invented by R.C. Jaklevic et al. in 1964 and
makes use of the DC Josephson eﬀect which occurs between two superconductors that are connected by
a thin non superconducting film [40]. As long as the thickness of this film is thinner than the coherence
length of the superconducting material, Cooper pairs can tunnel through the films, maintaining the
superconducting state of the whole system [41]. A SQUID consists of two Josephson junctions that are
connected in a parallel circuit. Once an external magnetic field Bex t and a bias current Ib are applied to
create a magnetic flux
Φex t = Bex tA (27)
to a SQUID of the area A, a circular screening current Is is induced within the SQUID which in turn
induces a magnetic field in order to cancel out the external magnetic field. The screening current is
parallel to Ib and flows in the same direction within one branch of the circuit while it flows in the





in the respective branches. If the bias current is set to an operating point above the critical supercon-
ducting current Ic, an external flux will change the voltage drop across the SQUID due to one junction
becoming ohmic in nature. Since the magnetic flux within the SQUID has to be quantized by the mag-
netic flux quantum Φ0, the screening current will change its direction along a change of the external
magnetic flux to either increase or decrease it to integer values of Φ0. This in turn causes a periodic
change of the voltage drop across the SQUID with a period of Φ0. With a shunt resistance R to eliminate





with L being the inductance of the SQUID [41,42].
To reduce the noise caused by external interferences, specific pickup coil geometries can be used. They
make use of the fact that an external field Bdipole ∝ 1/z3, with its origin at a distance z from the pickup
coil is uniform in direction and magnitude at the position of the coil. Based on this eﬀect, two pickup
coils that are separated by a small distance d and are wound in the opposite sense cancel the eﬀect of
uniform fields and are therefore called first order derivative pickup coils. Even higher order derivative
pickup coils can be used to further reduce the influence of external fields on the measurement. In ad-
dition, the indirect measurement by superconducting coils, as used in the MPMS, allows the placement
of the SQUID in a magnetically shielded and separately cooled environment to further reduce external
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influences. With the resulting high signal-to-noise ratio and the high sensitivity granted by the SQUID
as well as the wide temperature range, these instruments are suitable for thin film samples that exhibit
low magnetic moments [41].
However, a SQUID itself can only measure changes in the magnetic flux. One approach to measure the
quantitative magnetic moment of a sample is to operate the SQUID as a zero field detector in a so called
Flux-locked loop. In a constant external magnetic field, required to magnetize a sample, no signal is
picked up. When the sample is moved through the pickup coils along the field direction, a change of the
magnetic flux as a function of the sample position is created and induces a current Is in the pickup coils.
The SQUID detects this current by a coil that induces a magnetic flux Φs. A feedback loop is connected
to the SQUID output and controls the current I f through a second coil to create a magnetic flux Φ f
of the same magnitude as Φs, but in the opposite direction. If both fluxes exactly cancel each other
out, the eﬀective screening current Ib in the SQUID is 0. In this case, the signal of the SQUID stays
constant. Since Is ∝ I f , the magnetic moment of the sample can be calculated as a function of I f [41,42].
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3 Magnetism
A short introduction in the theory of diamagnetism will be given in section 3.1 to describe the mag-
netic behaviour of the substrates used. In the following, section 3.2, the basic principles governing the
intrinsic properties of ferromagnets are discussed. A short introduction to the Weiss theory of ferro-
magnetism, which applies to localized magnetic moments, will be given. In the next step, the Stoner
model of ferromagnetism will be discussed in order to explain the behaviour of delocalized electrons
and the resulting non integer values of magnetic moments as observed in, for example, Fe and α′-Fe8N.
Finally, the underlying mechanisms for permanent magnets, the magnetic anisotropy in diﬀerent crystals
(magnetocrystalline anisotropy) as well as diﬀerent shapes (shape anisotropy) are discussed in section 3.3.
3.1 Diamagnetism
Diamagnetism is present in every element and compound. Due to its small susceptibility, its eﬀect is
usually much smaller in magnitude compared to stronger magnetic responses caused by net magnetic
moments available. In the Langevin theory of diamagnetism, a charge q travelling on a circular orbit










r being the radius of the circular orbit. For an electron that has an orbital angular momentum l⃗ and





with me being the electron mass. If a magnetic field with the induction
B⃗ = µ0H⃗, (33)
and µ0 being the permeability of free space, is applied, µ⃗ will be subjected to a torque according to
τ⃗= µ⃗⊗ B⃗ = µ0 e2me H⃗ ⊗ l⃗. (34)
Here, the term µ0
e
2me
H⃗ is the so called Larmor frequency ωL which is in the range of GHz for electrons
and in the range of MHz for protons and describes the precession of µ around B⃗. According to Faraday’s
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law, this precession will induce a magnetic moment µ⃗p that is opposed to B⃗ in its direction. The





If one considers an atom with the atomic number Z , the sum of all Z magnetic moments of the electrons









< r2i > . (36)
The electron travels on a surface of a sphere with < R2 >= 2/3< r2 > in case of a symmetric spherical
orbit of the electron. For < r2 > being the square of the average radius for all Z electrons in the atom,




Z < r2 > . (37)
From this expression, the magnetization M⃗dia as the magnetic moment per unit volume can be calculated





































Figure 9: SQUID measurement of bare MgO and Al2O3 sub-
strates at 300K compared to MgO at 10K (symbols).
The displayed susceptibilities are extracted from a fit
of the linear part of the measurements (dashed lines).
As a direct consequence, the magnetic
susceptibility χdia = Mdia/H is always
negative and independent of the net
magnetic moment of the atom as well
as the temperature [18,43]. When plot-
ting the magnetic moment of any dia-
magnetic material as a function of the
applied field, a straight line with a neg-
ative slope is obtained. In an ideal
case, the diamagnetic contribution can
be easily subtracted from a measure-
ment of a ferromagnetic thin film that
is grown on top of a diamagnetic sub-
strate. In reality, even single crystalline
substrates contain a finite amount of
ferro- and/or paramagnetic impurities.
When looking at the SQUID measure-
ment of an MgO substrate shown in Fig. 9, the data clearly deviates from the straight line expected
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for a purely diamagnetic material. The susceptibility extracted from a fit of the linear regime in the
measurement is −1.77× 10−10m3/mol (−14.05×10−6 emu/mol), which diﬀers by nearly 40% from the
reported value of −1.29× 10−10m3/mol (−10.3×10−6 emu/mol) [44]. In a direct comparison, the mag-
netic susceptibility of a Al2O3 substrate is −4.56× 10−10m3/mol (−36.25 × 10−6 emu/mol) which is
nearly identical to the literature value of −4.65× 10−10m3/mol (−37.0 × 10−6 emu/mol) [44–46]. By
measuring an MgO substrate at a temperature of 10K, the paramagnetic response becomes even more
dominant which results in a positive susceptibility of 1.4× 10−10m3/mol (11.16× 10−6 emu/mol) due
to the M ∝ 1/T behaviour of paramagnetism which, at low temperatures, overcomes the temperature
independent diamagnetism. The deviation of the measured curve from a straight line is not an eﬀect of
the substrates but is caused by the utilized measurement mode which has a comparably high error at
low moments that occur at weak magnetic fields around or close to the point of origin.
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3.2 Ferromagnetism
In opposition to diamagnetic atoms, ferromagnetic atoms have a net magnetic moment. The correspond-
ing moments align parallel to form magnetic domains which in turn align themselves to minimize the
magnetostatic energy of the system. In the demagnetized state, this causes all moments to cancel each
other out.
3.2.1 Weiss theory of ferromagnetism
Pierre-Ernest Weiss empirically explained the deviation between the high fields necessary to saturate
paramagnets compared to those necessary for ferromagnetic materials in 1906 [47]. To do so, he modified
the Langevin theory of paramagnetism by assuming the existence of an internal molecular field H⃗int that
aligns the magnetic moments which in turn causes domains to be formed. Due to this internal field that
was thought to arise from the magnetization of the neighbouring magnetic moments, the magnitude of the
external field H⃗, required to change the orientation of these moments along the direction of the applied
field, is greatly reduced. The resulting total field within the material then amounts to H⃗tot = H⃗ + H⃗int .
In addition, Weiss postulated that the internal field was proportional to the magnetization by the mean
field constant or Weiss constant λ by Hint = λM⃗ which is a measure for the strength of the exchange
interaction. With this, the potential energy of an atomic magnetic moment inside the system is
Epot = m⃗ · B⃗ = −µ0m⃗ · H⃗tot = −µ0m⃗ · (H⃗ +λM⃗). (39)
For a system with N total magnetic moments, the magnetization follows the Langevin function, L (x) =
coth(x)− 1/x , according to
M = NmL (a) (40)








as a ratio between the thermal energy and the potential energy field of an atom in a magnetic field. For
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can be derived. With the Curie temperature TC = λC =
µ0Nm
2λ
3kB , and the Curie-Weiss constant C , the
susceptibility can be rewritten as
χWeiss =
C
T − TC , (44)
also known as the Curie-Weiss law. However, it has to be noted that a << 1 only applies at high
temperatures and that T = TC is a singularity in the susceptibility. In addition, Weiss’ theory of
ferromagnetism can not explain the non-integer µB values of magnetic moments that are observed in
the elemental ferromagnets iron, cobalt, and nickel. Here, an itinerant electron model, described by the
Stoner model of ferromagnetism in section 3.2.2, has to be applied [18,43,48].
3.2.2 Stoner model of ferromagnetism
For 3d transition metals and alloys, the assumption of localized electrons to explain the magnetic be-
haviour of the compound is not valid. The valence electrons are not localized at the atomic cores but
have an itinerant character that is represented by the electronic band structure of the compound. For







with n0 being the total density of electrons and EF being the Fermi energy which is the highest energy
of an occupied electron state at 0K. For temperatures above absolute zero, the Fermi-Dirac distribution







where µ is the temperature dependent chemical potential which equals EF at 0K. The density of occupied
states is thereby
n(E) = g(E) f (E). (47)
For 3d transition metals that exhibit a magnetic moment, this density of occupied states can be divided
into two distributions, one for spin-up electrons and one for spin-down electrons. When a number of
electrons in the energy range δE is transferred from spin-down to spin-up bands, the density of occupied




(n0 + g(EF )δE) (48)




(n0 − g(EF )δE). (49)
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Assuming the magnetic moment of each electron to be 1µB, the splitting of the density of occupied states
results in a spin based magnetization M of
M = µB(n↑ − n↓) = µB g(EF )δE (50)






caused by increasing the energy of g(EF )δE/2 electrons by δE. In addition, the potential energy of the











due to the internal magnetic field H = λM , introduced in the previous section. The total change of the
energy of the system




2(1−µ0λµ2B g(EF )) (53)
is then obtained by combining the equations 51 and 52. If ∆E < 0, the splitting of spin-up and spin-down
bands with a resulting magnetization is possible, resulting in
µ0λµ
2
B g(EF )> 1, (54)
the Stoner criterion for ferromagnetism in metals which is fulfilled only for iron, cobalt, and nickel which
is in accordance to experiments. However, the Stoner model of ferromagnetism can not be applied to
rare-earth based compounds, since the 4 f electrons carry the magnetic moment of the rare-earths. These
partially filled inner shells are not responsible for bonding, resulting in a localized magnetic moment.
The internal magnetic field H is caused by interatomic exchange interactions which in turn are caused
by the Coulomb interaction. With U = µ0λµ2B, U being the Coulomb energy, the Stoner criterion can
be expressed as
Ug(EF )> 1. (55)
To estimate the magnetic moment, one can consider the 3d and the 4s band, having nsum electrons in
sum, to overlap to one eﬀective band and apply a rigid band model that approximates a rectangular
shape of the density of states. In addition, one spin state is assumed to be fully occupied with n↑ = 5
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and n↓ = nsum − ns − 5 in the other state. For nickel with an electron configuration of 3d84s2, nd = 10.
The magnetic moment of one atom m can then be calculated by
m= µB(n↑ − n↓) = µB(10− nsum + ns) (56)
with ns being the number of 4s electrons. The magnetic moment of nickel is 0.6µB per atom, resulting in
an approximated ns of 0.6. With the rigid band assumption, ns is identical for all 3d transition metals,
resulting in mFe = 2.6µB with nd,Fe = 8 and mCo = 1.6µB with nd,Co = 9 which is reasonably close to
the experimentally observed values of 0.62, 2.22 and 1.72µB per atom [18,43,48–50].
3.3 Magnetic anisotropy
Both previously discussed explanations for the occurrence of magnetic moments in atoms imply an
isotropic distribution of these magnetic moments within a material. However, the magnetization vectors




µ0H⃗ · dM⃗ (57)
of any given magnetic material by lying along specific crystallographic orientations, an eﬀect expressed
by the term magnetocrystalline anisotropy which is a material specific intrinsic property. In addition, the
macroscopic shape of a sample can influence the demagnetization energy by changing these orientations.
This so called shape anisotropy is an extrinsic parameter that is especially important to consider for thin
films, where the magnetization lies preferably in the film plane due to a quasi-two-dimensional nature of
the samples [18,43,48].
The preferred orientations of the magnetization vector are divided into the easy axes, the directions
along which a small field is suﬃcient for all magnetization vectors being oriented parallel whereas the
directions with the highest field required for saturation are called the hard axes.
3.3.1 Magnetocrystalline anisotropy
The origin of the magnetocrystalline anisotropy lies in the spin-orbit interaction and the dipolar interac-
tion. However, since the contribution of the dipolar interaction is zero for cubic systems and negligible
for lower symmetries, the focus is put on the eﬀect of the spin-orbit interaction which is essentially a
coupling between the electrons spin angular momentum s⃗ and orbital angular momentum l⃗ to result in
an eﬀective angular momentum,
j⃗ = l⃗ + s⃗. (58)
The coupling of j⃗ to the crystal lattice is caused by the coupling of the electrons orbital motion to the
electrostatic fields of the nuclei which in turn gives rise to specific orientations of the electron orbits.
Due to the spin orbit coupling, the spins in the material are therefore preferably oriented depending on
the crystal structure [18,43,48].
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For cubic crystals, the magnetocrystalline energy Emc,c is a function of the direction cosines ai between
the magnetization vector and the crystallographic directions. Due to the cubic symmetry, the series
expansion for the magnetocrystalline energy should be independent on a sign change of ai, resulting
in the removal of odd power terms and all aia j where i ̸= j. In addition, all ai are equivalent, which




3 = 1, a constant term in the series expansion.
The lowest not constant terms of the series are thus the fourth and sixth order terms which are usually
suﬃcient to describe a sample. This leads to a magnetocrystalline anisotropy energy (MAE) of the form














where Ki are the anisotropy coeﬃcients of a material for a set temperature. Emc is usually expressed in
spherical coordinates, changing equation 59 to
Emc,c = K0 + K1(
1
4




where θ and φ are the angular coordinates. Ki are terms of energy densities in the range of 103 to
102 to 107 J/m3 (108 erg/cm3), increasing in magnitude with decreasing crystal symmetry. Since K0 is
isotropic, it can be ignored when the energy diﬀerence between two orientations is calculated. Depending
on the magnitude as well as the sign of the anisotropy coeﬃcients, the easy and the hard axis can be
determined. Iron, the point of origin for this work, has values of K1 = 4.8× 104 J/m3 (4.8× 105 erg/cm3)
and K2 = 5× 103 J/m3 (5× 104 erg/cm3) with 〈100〉 being the easy direction, 〈110〉 the semi-hard, and
the crystal diagonal 〈111〉 the hard direction. For tetragonal crystals, the magnetocrystalline anisotropy
Emc,t has a diﬀerent angular dependence
Emc,t = K0 + K1sin
2θ + K2sin
4θ . (61)
Since a second order term is involved in equation 61, the magnitude of Emc,t is larger than Emc,c. This
can be explained by calculating the magnetic anisotropy constants through perturbation theory with
nth order systems requiring nth order perturbation theory. The last term of the Pauli Hamiltonian, the







l⃗ · s⃗ = ξ(r)l⃗ · s⃗ (62)
with ξ(r) being the radial average of the spin-orbit constant over the d-orbitals. By assuming the
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Due to ξ being proportional to Z4, heavy elements are used in permanent magnets to achieve a large
spin-orbit interaction and through it, a large magnetocrystalline anisotropy. The change in energy ∆ESO






Egr − Eexc (65)
with exc and gr labelling the excited and ground state, respectively [51]. By considering only excited
states above the fermi level, the anisotropy constant for an uniaxial system can be estimated through









Since ξ is of the order of tens of meV while w is between 1 and 10 eV, a higher n eﬀectively reduces the
magnitude of K1 [43, 51].
Experimentally, the anisotropy constant K1 can be directly approximated from a M−H−loop by assuming
the existence of an anisotropy field H⃗a which is parallel to the easy direction. If the magnetization lies
in the plane of a cubic crystal, φ = 0, resulting in Emc,c = K0 + K1cos2θ sin2θ . When minimizing the






(Emc,c −µ0MHasinθ ) = 0, (68)
the anisotropy constant can be calculated by
2K1θ = µ0MHaθ ⇔ K1 = µ0HaM2 , (69)
with the small angle approximation of sinθ ≈ θ . The anisotropy field can be easily obtained as the field
where the easy- and the hard-axis magnetization curves intersect [18,43,48].
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3.3.2 Shape, surface, and strain anisotropies
Although the dipolar interaction plays only a minor role for the magnetocrystalline anisotropy, it is the
origin of the shape anisotropy which plays a major role in magnetic thin films. The magnetostatic energy





where N is the demagnetization factor. For any ellipsoid, the demagnetization factors in the easy direction
along the elongated axis, Ne, and the hard direction perpendicular to the elongated axis, Nh = 1/2(1−Ne),














with the components of the magnetization along the easy Ms,e = Mscosθ and Ms,h = Mssinθ along the









(Nh − Ne)M2s sin2θ (72)
takes the form of an uniaxial anisotropy with K0 = µ0NeM2s /2 and the shape anisotropy constant Ks =
µ0M
2






which results in a shape anisotropy constant of Ks = −µ0M2s /2. For iron, Ks,Fe = −1.85× 106 J/m3
(−1.85× 107 erg/cm3) is larger in magnitude than the magnetocrystalline anisotropy, imposing an easy-
plane anisotropy in the film plane [18,43,48].
An additional anisotropy that is especially important for nanoparticles and thin films is the surface
anisotropy Ks f . The topmost surface layer has a major impact on the surface anisotropy due to the
broken long range order which is also manifested, albeit to a smaller degree, in the following layers. For
the magnetic transition metals Cr, Mn, Fe, Co, and Ni, the density of atoms is between 8.33 × 1028
(Cr) and 9.11× 1028/m3 (Ni). With Néel’s approximation of the surface anisotropy of approximately
1mJ/m2 per atom, this gives rise to an anisotropy of the surface layer of about 4.17× 106 (4.17× 107)
(Ni) to 4.55× 106 J/m3 (4.55× 107 erg/cm3) (Cr) [52]. Since the surface anisotropy scales inversely
with the ratio of surface to volume, a total or eﬀective anisotropy




can be formulated with the volume anisotropy constant of the films’ material Kv and the film thickness
t. For very thin films below a critical thickness tc the surface anisotropy can cause a spin reorientation,
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causing the easy axis to point of out the film plane against the in-plane easy axis imposed by the shape
anisotropy [18,43,48].
The last contribution to the anisotropy that will be discussed in this section is the strain anisotropy
Kst which is mostly only relevant for thin films. This anisotropy depends on the stress σ and the





Contrary to the surface anisotropy that is exclusively present in the few topmost surface layers, the strain
can be maintained for several layers before relaxation occurs. Due to this, the intermediate thickness
regime with thicknesses above tc is dominated by the strain anisotropy. As an example, an iron thin
film with a Young’s modulus of 2.1× 1011N/m2 that is grown on MgO with a mismatch of −3.68%
results in a stress of −7.73× 109N/m2. With the bulk magnetostriction constant λ100 of −2×10−5 [53],
the strain anisotropy constant amounts to approximately 2.32× 105 J/m3 (2.32× 106 erg/cm3) which
is large enough to alter the orientation of the easy axis [18,43,48].
Depending on the ratio of the total uniaxial anisotropy comprised of the surface and bulk anisotropies
to the shape anisotropy for materials exhibiting a perpendicular magnetic anisotropy, the eﬀective easy




where Ku denotes the strength of uniaxial perpendicular anisotropy. For the shape anisotropy being larger
than the uniaxial anisotropy, Q < 1 and the easy axis lies in-plane. For Q > 1, the magnetization is not
entirely out-of-plane but canted at an angle which increases asymptotically towards 90° as a function of
the uniaxial anisotropy [18,48].
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4 Literature review on α′′-Fe16N2
Iron nitrides oﬀer a wide variety of mechanical, electrical, and magnetic properties, making it a sys-
tem of interest for research as well as applications due to its constituents’ abundance. When focusing
on the magnetic properties, the net magnetic moment that is observed increases with the relative iron
concentration of the diﬀerent phases. With an equal amount of iron and nitrogen, corresponding to
the highest nitrogen concentration available in this system, two cubic FeN phases exist. For the NaCl-
type γ′′′-FeN with a lattice constant of 4.5Å, antiferromagnetism was observed at 4.2 K with a Néel
temperature around 220K [54–57]. Interestingly, the ZnS-type γ′′-FeN with a slightly smaller lattice
constant of 4.33Å was shown to have no local magnetic moment at the iron site, resulting in a stable
nonmagnetic character with metastable antiferro- and ferromagnetic variations which are energetically
only slightly less favourable [54, 55, 58]. Similarly, ζ-Fe2N was examined with Mössbauer spectroscopy
by Hinomura et al., revealing a paramagnetic doublet at temperatures from room temperature down to
10K, below which antiferromagnetism was observed. Having a variable stoichiometry, ε-FexN with x
between 2 and 3.2 is a ferromagnetic hexagonal phase with a wide range of saturation magnetization
values, starting at about 202 kA/m (202 emu/cm3) for x = 2.3 over 907 kA/m (907 emu/cm3) in the
case of x = 3 up to 1418 kA/m for x = 3.2 (1418 emu/cm3) [59–61]. Similar to the trend of the satura-
tion magnetization observed for this phase, the Curie temperature is 567K for x = 3 and drops rapidly
with increasing nitrogen content, down to about 300K for x = 2.3, while ε-FexN becomes paramagnetic
for x < 2.3 [61, 62]. In addition to their ferromagnetic ordering, ε-FexN as well as γ′-Fe4N have a high
spin-polarization, making both phases potentially interesting for spintronic applications [63]. γ′-Fe4N is
made up of an fcc iron lattice with one nitrogen atom at the body centre. With a higher iron content
compared to ε-FexN, γ′-Fe4N has a higher saturation magnetization and Curie temperature of about
1432 kA/m (1432 emu/cm3) and 761K, respectively [63,64].
Figure 10: (a) bct unitcell of α′′-Fe16N2 with a = 5.72Å and c = 6.29Å, (b) the same structure but
displayed with a z-oﬀset. Drawn according to structural data reported by K.H. Jack [65].
However, since ε-FexN and γ′-Fe4N are soft ferromagnets with a saturation magnetization below that
of α-Fe, the only phase of interest as a permanent magnet candidate is α′′-Fe16N2. First described by
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Jack in 1951, α′′-Fe16N2 is a metastable phase and lies in thermodynamic competition with two stable
phases, α-Fe and γ′-Fe4N [65–67]. This makes the synthesis of α′′-Fe16N2 diﬃcult, as illustrated by the
thermodynamic equilibrium phase diagram of the iron nitrogen system, where α′′-Fe16N2 occupies only
a narrow space at exactly 11.1at.% nitrogen content in a small temperature window up to 486K [67,68].
The nitrogen atoms are ordered and occupy every twenty fourth octahedral interstitial position in a
bcc α-Fe lattice which, in addition to a doubling of the lattice constants to a 2 × 2 × 2 bcc unit cell,
leads to a distortion of the lattice resulting in a tetragonal structure with the space group I4/mmm and
lattice constants a = 5.677Å and c = 6.253Å, resulting in a c/a ratio of 1.1 [65,66,69]. By displaying
the structure of α′′-Fe16N2 with a z-oﬀset, as shown in Fig. 10(b), the interstitial arrangement and the
according distortion along the c-axis can be visualized more clearly. Depending on the distance and the
arrangement of the Fe atoms relative to the octahedral N interstitial, three diﬀerent Fe sites, 4d, 4e, and
8h can be distinguished and are marked in Fig. 10(a) and (b) [65]. The 4e and the 8h sites are similarly
close to the nitrogen atom with a distance of 1.93 and 1.8Å and occupy the axial positions as well as
the positions in the N plane, thereby forming a distorted octahedron while the 4d site is the furthest
away from the nitrogen with a distance of 3.26Å [65,70].
The magnetic properties of α′′-Fe16N2 were not known until 1972, when Kim and Takahashi deposited
thin films composed of a mixture of α-Fe and α′′-Fe16N2 onto glass substrates in a low pressure nitrogen
atmosphere. After determining the volume fraction of both phases from temperature dependent magne-
tization measurements, a saturation magnetization of 2250 kA/m (2250 emu/cm3) and a corresponding
magnetic moment per iron atom of 3.0µB, considerably higher than the values for α-Fe of 1710 kA/m
(1710 emu/cm3) and 2.2µB respectively, were ascertained [49, 71]. For nearly two decades, several at-
tempts to reproduce thin films with similarly high saturation magnetization values by sputtering [72,73],
ion reacting deposition [74], or chemical vapour deposition [75] were not successful. Finally, a research
group of the Hitachi Research Laboratory grew thin film samples containing a high volume fraction of
α′′-Fe16N2 on GaAs(100) and InGaAs(001) substrates by MBE. α′′-Fe16N2 with a saturation magne-
tization as high as 2548 kA/m (2548 emu/cm3) with a magnetic moment, later referred to as a giant
magnetic moment, of 3.5µB per iron atom was reported for these samples [76, 77]. Their first report in
1991 also contains one of the few estimations of the Curie temperature, which was extrapolated to be
at about 813K, a temperature well beyond the decomposition of the phase [77]. Interestingly, Sugita et
al. also measured the anisotropy constant of α′′-Fe16N2 by torque magnetometry at room temperature
and found it to be identical to that of α-Fe with K1 = 4.8× 104 J/m3 (4.8× 105 erg/cm3) [77,78]. This
report stands in contrast to Nakajima and Okamoto who, despite of reporting a saturation magnetization
of only 1911 kA/m (1911 emu/cm3), found evidence for a reorientation of the easy axis from lying in
the film plane to pointing out of plane parallel to the 〈001〉 direction of α′′-Fe16N2. In addition to this
perpendicular magnetic anisotropy (PMA), an increase of the magnetocrystalline anisotropy to K1 =
6.2× 105 J/m3 (6.2× 106 erg/cm3) was observed [79]. These first reports of a high saturation magneti-
zation with a potentially giant magnetic moment in combination with a magnetocrystalline anisotropy
in the range of commercial magnets with K1 = 3.7× 106 J/m3 (3.7× 107 erg/cm3) for Nd2Fe14B [80] or
K1 = 3.6× 105 to roughly 5× 105 J/m3 (3.6× 106 to 5× 106 erg/cm3) for SrFe12O19 [18, 81] motivated
many research groups to investigate α′′-Fe16N2 in the following years, as summarized in table 1.
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The first section of this chapter, section 4.1, describes and discusses the origin of the magnetic moment in
α′′-Fe16N2 based on literature reports. In the following, section 4.2 brings up and elucidates the reported
values for its magnetocrystalline anisotropy as well as the occurrence of PMA. Finally, section 4.3 deals
with the literature available on the thermal stability of α′′-Fe16N2, which includes a discussion of the
decomposition mechanism and reports of possible improvements of the temperature stability of the phase.
4.1 Origin of the giant magnetic moment in α′′-Fe16N2
Shortly after the discovery of the giant magnetic moment, theoretical investigations based on the lin-
earised muﬃn-tin orbital (LMTO) as well as the augmented spherical wave (ASW) method were con-
ducted to find the origin of this giant magnetic moment. It was found that the diﬀerent Fe sites exhibit
diﬀerent magnetic moments, the highest magnitude of which was found to be in the range of 2.74 to
2.89µB for the 4d site while the 4e and 8h site, being closer to the nitrogen atom, have a lower magnetic
moment between 2 and 2.4µB [70, 82, 83]. The increased moment on the 4d site was explained by a
reduction of the occupancy of the spin down state in combination with a d-band narrowing, both due
to the long bond length to the nitrogen and the longer near-neighbour Fe distance, resulting in a charge
transfer between the inequivalent iron sites compared to α-Fe [82,83]. Contrary to this, the hybridization
between the nitrogen atom and the 4e as well as the 8h sites causes a delocalization of the d-band which
reduces their magnetic moment. Despite the greatly increased magnetic moment on the 4d site compared
to the moments of α-Fe, the average magnetic moments found in these early calculations was found to lie
between 2.4 and 2.5µB [70,82,83]. Min and Sakuma both conclude, that the lattice expansion caused by
nitrogen interstitials is the origin of the increased average magnetic moment on all sites while the 3d-2p
hybridization between the nitrogen and the octahedrally coordinated iron atoms around it counteract
this eﬀect to a certain degree by decreasing the spin imbalance in the neighbouring iron atoms around
the nitrogen interstitial [82, 83].
The scaling of the magnetic moments with expanding lattice agrees well with calculations performed by
several groups who analysed the eﬀect of lattice expansion upon α-Fe and α′′-Fe16N2. In all cases, a
monotonously increasing trend for the magnetic moment as a function of the lattice volume was found,
although Sims et al. reason that through the simultaneous increase of both parameters the net gain of
magnetization is insignificant [84–86]. Experimental results by Mitsuoka et al., Takahashi et al., and
Okamoto et al. were among the first to show a tendency for an increased magnetic moment with in-
creased unit cell volume. However, in the latter reports the long range nitrogen ordering in the samples,
presumed to be another reason for increased magnetic moments, is increasing simultaneously, thus pre-
venting a precise statement on the matter [87–89].
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Table 1: Reported substrates, buﬀer layers, and deposition temperatures Ts (for thin film samples) as well as sample production techniques with respect to the
obtained Ms and K1. If no sample density was reported, the Ms values for the bulk samples were obtained via the theoretical density of α′′-Fe16N2.
Substrate Technique Buﬀer layer Ms/(kA/m, emu/cm3) K1/(J/m3, (erg/cm3)) Ts/K
GaAs FTS Fe, Ag 1910 [90], 2133 [91–93], 2308 [94], 2500 [95] 9× 105 (9× 106) [93] 300 [90–95]
IBAD - 1762 [96] - -
MBE - 1650 [97], 2387 [76, 98], 2570 [99] 6.4× 105 (6.4× 106) [100] 300, 373 [98], 423 [76],
473 [98], 473 [98, 99]
Sputtering Fe, Ag 1910 [89], 1989 [101], 2069 [102,103] - 300 [89, 101–103], 373,
423 [89]
Ge Sputtering - 1710 [104,105] - 300 [104,105]
Glass Evaporation - 1873 [106], 2250 [71] 8.3× 104 (8.3× 105) [106] 300 [71, 106]
Ion nitriding - 2210 [107] - 483 [107]
Sputtering - 1829 [108], 2342 [109] - 300 [108,109]
In0.2Ga0.8As MBE Fe 2374 [110–112] 2548 [77, 99,113] 4.8 × 104 (4.8 × 105) [77],
1.6 × 106 (1.6 × 107) [111],
7.8× 105 (7.8× 106) [110]
423 [77, 110], 473 [99, 113],
473− 513 [111,112]
MgO FTS Fe, Ag 1710 [114], 1725 [88], 1770 [115–117]
((FeCo)16N2),1890 [118], 2499 [119]
- 300 [88, 114–119]
Ion implantation - 1911 [79, 120] 6.2× 105 (6.2× 106) [79] 300 [79, 120]
Sputtering Fe, Ag 1671 [121], 1859 [122], 1900 [123,124], 1911 [125] 4× 104 (4× 105) [121] 373 [122–125]
NaCl Sputtering - 2215 [126] - 423 [126]
Si Sputtering - 1800 [127], 2223 [128], 2308 [129] - 400 [128], 473 [127]
- Ball milling - 1562 [130] - -
- Field anneal - 1688 [131] (rods) - -
- Ion implantation - 1673 [132], 2201 [133] - -
- Powder nitridation - 945 [134], 1264 [135], 1443 [136], 1539 [137],
1599 [138], 1725 [139], 1740 [140, 141],
1896 [142], 2119 [143]
2.7 × 105 (2.7 × 106) [135],
6.9 × 105 (6.9 × 106) [141],
9.6× 105 (9.6× 106) [140]
-
- Strained wire - 2037 [144] - -
Finally, three years later, Okamoto et al. presented proof of the correlation between magnetic moments
from 2.5 up to 2.8µB with respective unit cell volumes of about 204 and 205.8Å
3 independent of the
nitrogen ordering [102, 103]. These results were confirmed by Dirba et al., who demonstrated a linear
scaling of the magnetic moment with the c lattice constant up to about 2.6µB for as grown samples
containing only disordered α′-Fe8N [145]. Polarized neutron reflectometry (PNR) results presented by
Ji et al. and Zhang et al. support this assumption and add a potential explanation for a giant mag-
netic moment. By fitting the reflectivity of upwards and downwards polarized neutrons, the saturation
magnetization as a function of the probing depth was obtained for α′′-Fe16N2 containing samples. Sat-
uration magnetization values between approximately 2300 and 2499 kA/m (2300 and 2499 emu/cm3)
were found in a few nanometre thick layer at the interface. It was shown that the magnitude of the
strain, controlled by the thickness of the buﬀer layer, had a direct impact on the interfacial saturation
magnetization [94,119].
The above-mentioned moment reduction for the closest iron neighbours was confirmed by Coehoorn et
al., who used the full-potential linearised-augmented-plane-wave (FLAPW) method and employed the
local spin-density approximation (LSDA) to calculate a virtually distorted bct iron system with the
lattice constants of α′′-Fe16N2. They find that for bct iron the average moment per atom is 2.41µB,
slightly higher than their result obtained for α′′-Fe16N2, which is found to be 2.37µB. To validate these
results, γ′-Fe4N moments are calculated, confirming a similar reduction in moment by hybridization as
also experimentally observed by Frazer [146,147]. Similarly, band calculations based on the improvement
of the LSDA by the generalized gradient approximation (GGA) or the self-interaction correction (SIC)
yield average magnetic moments of 2.5µB and 2.4µB, respectively [148,149].
In addition, Lai et al. and Umino et al. both discuss, that the many-body eﬀect of screening needs to be
taken into account in order to properly explain the magnetism in α′′-Fe16N2 [148, 149]. When compar-
ing their LSDA to their LSDA+U results, Lai et al. find that the introduction of the on-site Coulomb
interaction by the Hubbard U parameter results in an average magnetic moment of 2.85µB, correspond-
ing to a saturation magnetization of roughly 2080 kA/m (2080 emu/cm3), caused by an increased spin
imbalance which is most pronounced for the 4d site. However, they argument that the magnitude of the
U parameter has a strong impact on the results and needs to be further investigated [148]. A similar
conclusion is reached through the comparison of GGA+U, GW, hybrid functional method (HSE06),
and constrained random-phase approximation (cRPA) by Sims et al. resulting in average moments up
to 2.9µB per iron atom with HSE06. While these results are closer to the giant magnetic moments of
3µB and higher, they have to be considered carefully since simultaneously performed calculations of the
magnetic moments in α-Fe yielded magnetic moments up to 2.6µB [86].
While the previously discussed models based on the LSDA provide a good understanding for saturation
magnetization values between approximately 1710 (2.15) and about 1900 kA/m (1900 emu/cm3) with-
out contradicting the limit of the Slater-Pauling curve, no reasonable explanation for a giant moment
exceeding an average magnetic moment of 3µB per iron atom was found. In order to finally fill this
gap, Ji et al. stated that a combined itinerant and localized electron model with partially localized
electrons which show a long range order would be necessary to properly describe the magnetism of α′′-
Fe16N2 [150]. They state that the Fe-N octahedra are isolated from each other due to the relatively large
distance between the 8h and 4e sites of two diﬀerent octahedra, causing a charge transfer between the
inside (8h and 4e sites) and the outside (4d sites) of the octahedra. This charge diﬀerence arises due
on-site Coulomb interaction between the octahedra and the 4d sites which are considered as a metallic
iron environment with a small U value around 1 eV. It is stated that, in line with the observations of Lai
et al., the use of two diﬀerent U values is necessary to properly take the screening into account [148,150].
The resulting magnetic structure has localized orbitals in the octahedral as well as delocalized orbitals
due to hybridization to the 4d site, declared to be a necessary eﬀect for a ferromagnetic long range
ordering. Ji et al. observe, that small U values on the 4d site indeed favour large magnetic moments
while for the other sites, large U values exceeding 6 eV give rise to an average magnetic moment above
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3µB per iron atom. However, Ji et al. state that a realistic choice of U only yields moments of about
2.8µB, thus falling short of the experimentally observed giant moment [150].
In a subsequent experimental report of the same group, it was observed that the ordering of Fe-N oc-
tahedra in the structure leads to an increase of the magnetic moment. Ji et al. explain this increase
by considering the randomized iron octahedra positions in α′-Fe8N which are statistically scattered and
therefore not necessarily separated from each other. Through a binomial distribution, the percentage of
iron sites with x nitrogen atoms as nearest neighbour were calculated to be 44.88%, 38.47%, 13.74%,
and 2.61% for x = 0, 1, 2, and 3, respectively. It is discussed that compared to α′′-Fe16N2, where
75% of the iron sites have only one nearest nitrogen neighbour, this distribution leads to a bandlike
behaviour similar to iron and thus causes a reduction of the average magnetic moment to about 2.6µB
per iron atom [92]. However, when the structure is perfectly ordered, the iron octahedra are separated
from each other which leads to highly localized moments for the 4e and 8h sites which therefore have an
increased magnetic moment. This ordering, measured by the α′′-Fe16N2 (002) reflex, occurred only after
prolonged annealing of around 2 hours up to 90 hours or longer at 373 to 473K [77,88,89,91,92]. With
ideally every other octahedral being occupied, an ordering parameter was defined by the ratio of observed
Iobs and calculated Icalc integrated intensity ratios of (002) and (004) reflexes. Several approaches to







































Figure 11: Saturation magnetization as a function of the order-
ing, estimated by the XRD intensity ratios. Data
adapted from refs. [88, 89,92,102,113,116].
Multiple reports demonstrate a scal-
ing of saturation magnetization with
ordering from samples with no super-
structure reflex, equivalent to D =
Ir = 0, and saturation magnetiza-
tion values around or slightly higher
than that of α-iron up to values
of Ir = 0.024 with 2150 kA/m
(2150 emu/cm3) or Ir = 0.1 with
2307 kA/m (2307 emu/cm3) [77,91,92,
113]. For comparison, the data of these
references has been plotted in Fig. 11.
Contrary to these reports, Takahashi et
al. as well as Higashikozono et al. per-
formed similar experiments that did not
lead to an increase of the magnetic mo-
ment. For their samples, it was shown
that annealing also lead to the appear-
ance of the (002) superstructure reflex
with increasing intensity through pro-
longed annealing. However, the resulting increased ordering did not change the saturation magnetiza-
tion significantly [88,97,102,117]. The reported saturation magnetization values can be roughly divided
into two groups, the first with an Ms around that of α-Fe, the second with an Ms around 2300 kA/m
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(2300 emu/cm3).
Although, as demonstrated, many contradictory reports exist, some conclusions can be drawn. The most
likely explanation for the giant magnetic moment, mostly found by Wang’s group from Minnesota and
Sugita’s group of the Hitachi Research Laboratory, is an increase in lattice constants of their thin film
samples, resulting in an increased lattice volume which in turn induces larger magnetic moments. Espe-
cially when also considering the diﬀerent levels of epitaxial strain depending on the choice of substrate,
the buﬀer layer, as well as the film and buﬀer layer thickness, diﬀerent cell volumes and modified lattice
distortions and therefore diﬀerent magnetic moments are to be expected. In addition, the precise deter-
mination of the film volume and weight in order to determine the volume and mass magnetization have
to be considered as a cause of error, especially since one of the most used buﬀer layer materials, α-Fe,
is not only ferromagnetic but also shares many similarities with α′′-Fe16N2 in terms of its structure.
One particular diﬃculty that arises due to the low intensities observed in XRD measurements is the
correct evaluation of the volume fraction of α′′-Fe16N2 by integrated X-ray peak intensity ratios in the
samples in order to calculate the volume fractions and from that the magnetization of the phases present
in the sample. This becomes clear when looking at the reported values for the volume magnetization of
bulk samples, shown in the last section of table 1. Here, even for samples with close to 100% volume
fraction of unoxidised α′′-Fe16N2, the volume magnetization is close to that of α-Fe with 1710 kA/m
(1710 emu/cm3) and is, with the exception of two reports, well below the magnetization of 1910 kA/m
(1910 emu/cm3) for Fe65Co35, the material lying at the top of the Slater-Pauling curve [49, 138, 151].
This is confirmed by theoretical predictions based on state of the art LSDA+U calculations, where giant
magnetic moments can only be obtained by utilizing Hubbard U parameter values far exceeding reason-
able levels. Realistic U values result in magnetic moments which are larger than for α-Fe, an eﬀect that
is counteracted by the increased cell volume and thus results in a saturation magnetization similar to
that of α-Fe.
4.2 MAE and PMA in α′′-Fe16N2
Although the potential existence as well as the origin of the giant moment in α′′-Fe16N2 was discussed by
most reports, the occurrence of a perpendicular magnetic anisotropy as well as the magnitude and origin
of the increased magnetocrystalline anisotropy was rarely investigated, even though it was observed by
several groups [79, 87, 114, 123, 152]. The increase of MAE caused by a tetragonal distortion can be
understood by the breaking of cubic symmetry which causes second-order anisotropy terms to appear,
as discussed in section 3.3.1. Qualitatively, this eﬀect was confirmed for α′-Fe8Nx thin film samples with
nitrogen content of 0≤ x ≤ 1 [123,152]. Interestingly, the reported K1 values vary in a wide range, similar
to the reported magnetization, from about 4× 104 up to 1.6× 106 J/m3 (4× 105 to 1.6× 107 erg/cm3)
as evident from table 1.
Calculations for α-Fe with increasing c/a ratio indicated a complicated behaviour with the magnetic
easy axis along [001] for 1< c/a < 1.07. With further increase of c/a beyond 1.07, the easy axis aligns
along [100] until it comes close to the fcc limit, where yet another reorientation back to [001] takes
place [153]. Since for α′-Fe8Nx only one spin reorientation from [100] to [001] is observed at x ≈ 1.06,
a description based purely on the distortion of the α-Fe lattice is insuﬃcient. Ke et al. performed
quasiparticle self-consistent GW approximation (QSGW) calculations on α′′-Fe16N2 which revealed that
the orbital magnetic moment is decreased for 8h sites and increased for 4d and 4e sites. By evaluating
the atomic magnetic anisotropy energy, they find that the 8h site favours an easy axis lying parallel to
the [100] direction. The 4e and, to a lesser extent, the 4d site contribute to this easy axis orientation
which is an energetically more favourable configuration, hence aligning the magnetic easy axis parallel
to the vertical axis of the iron octahedra [154]. To further investigate this eﬀect, Zhang et al. considered
variations of the locally ordered iron octahedra in a 2 × 2 × 2 supercell of α-Fe. Although only two
types of iron sites are taken into account, they confirm that the 4d orbital contribution induces a PMA
for all geometries with the exception of vertically stacked iron octahedra. Interestingly, the reason for
this orbital alignment is found to be the nitrogen interstitial atom. The most stable configuration with
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separated octahedra has the highest MAE with about 6× 105 J/m3 (6× 106 erg/cm3). The MAE is
reduced by a factor of about two for the remaining geometries which are nearly equivalent in terms of
their anisotropy [124]. Experimentally, a similar conclusion is drawn by Higashikozono et al., who found
that through annealing, the nitrogen in their MBE grown samples improves. While this has no eﬀect on
their saturation magnetization, they observe an increased saturation field, corresponding to an increased
anisotropy, after an annealing of their α′-Fe8N samples for 20 hours [97].
This result could explain the variation of MAE observed in experiments through the restriction to low
temperatures necessary to synthesize samples of α′′-Fe16N2 and/or α′-Fe8N limit the diﬀusion of nitrogen
in α-Fe. By applying a finite processing time, a less than perfect local ordering of nitrogen is obtained
which, in turn, reduces the MAE.
4.3 Thermal stability of α′′-Fe16N2
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Figure 12: Temperature stability of α′′-Fe16N2 as a function of
time for diﬀerent fractions of phase decomposition
d. Adapted from Yamamoto et al. [155].
An important property which was not
discussed so far is the decomposition
temperature as well as the thermal be-
haviour of the magnetic properties ex-
hibited by α′′-Fe16N2. As already men-
tioned in the introduction to this chap-
ter, α′′-Fe16N2 is metastable and has a
low decomposition temperature. This
not only limits its potential applica-
tions drastically, but also complicates
the synthesis of samples. Although the
decomposition, according to the phase
diagram, should take place at 486K,
most reports only use either room tem-
perature or temperatures in the range
of 373 to approximately 423K for sam-
ple synthesis, with decomposition start-
ing at around 453 to 473K. Be-
low these temperatures, the saturation
magnetization decreases with increas-
ing temperature in a reversible manner [65, 66, 76, 88, 89, 145, 152, 156]. Contrary to this, Kim and
Takahashi as well as Sugita et al. claim a reversible change in the magnetization up to about 576 and
676K, respectively. While these reports seem to initially contradict each other, Widenmeyer et al. could
demonstrate by diﬀerential scanning calometry (DSC) and in situ neutron diﬀraction that the decomposi-
tion temperature of α′′-Fe16N2strongly depends on the heating rate during the experiment. By adjusting
the heating rate to 10K/min, an immediate decomposition into α-Fe and N2 takes place at above 730K.
A decomposition into γ′-Fe4N and, at even higher temperatures, α-Fe was observed for rates of 5K/min
and below at 486 and 583K, respectively [157]. Although the Curie temperature of 813K is suﬃciently
high for use in, e.g., electric motors or generators with temperature requirements of around 473K, the
abovementioned decomposition temperatures of α′′-Fe16N2 are already in a similar regime [158]. In addi-
tion, time dependent temperature studies revealed a long time temperature stability with a performance
of 99% for 100 a to be achieved only below 355K, as shown for diﬀerent amounts of decomposed phase
d in Fig. 12 [155]. At temperatures close to the reported decomposition temperature, full decomposition
takes place in as little as a few minutes [65,155,157]. Based on these findings, the annealing process that
is reported to be necessary for the formation of the ordered phase should be further investigated. By uti-
lizing the parameters of Yamamoto et al. to calculate the amount of decomposed phase for the required
annealing temperatures and times, it becomes clear that the underlying process for the decomposition
and formation of the α′′- and therefore also the α′-phase are energetically close. This is illustrated by
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Fig. 13, where the expected fraction of phase decomposition d is plotted for diﬀerent temperatures as
a function of the time according to Yamamoto et al. with indicators for reported annealing parameters
utilized by diﬀerent groups [77,79,88,89,91–93,102,104,109,113,115,117,118,120,125,127,155,159,160].
Elevated annealing temperatures as for example claimed by Gao et al. (773K, not shown in Fig. 13) and
Abdellateef et al. (573K) are expected to fully decompose the phase of interest even for considerably
shorter annealing times than utilized by both groups [109, 159]. In addition, even for the majority of
reported annealing temperatures of either 423 or 473K, d ≥ 0.01 is expected for annealing times of
longer than 20hours or 3minutes, respectively.


































Figure 13: Fraction of α′′-Fe16N2 phase decomposition d as a function of time for diﬀerent annealing
times. Several experimental reports with diﬀerent parameters are indicated in the respective
curves [77,79,88,89,91–93,102,104,109,113,115,117,118,120,125,127,159,160]. Adapted from
Yamamoto et al. [155].
Even though the reports of the investigation of the decomposition temperature described above are
conclusive and give a good quantitative understanding of the decomposition, the underlying mechanisms
that govern this process are not yet fully understood. As mentioned above, α′′-Fe16N2 decomposes into
γ′-Fe4N and α-Fe and, upon further (or faster) heating, into α-Fe and N2. Jack suspected, that the
metastability of the α′ and α′′ structures is caused by their similarity to γ′-Fe4N and α-Fe. This is
further backed by the volume per iron atom of α′′-Fe16N2 which lies, with 12.86Å
3, in between α-Fe
with 11.79Å3 and γ′-Fe4N with 13.61Å
3 [65]. Yamamoto et al. determined the activation energy of the
decomposition to be 199 kJ/mol, a value much higher than the activation energy for diﬀusion of nitrogen
in iron nitrides of approximately 90 kJ/mol [155, 161]. This activation energy is similar to that of iron
self diﬀusion in α-Fe with about 250 kJ/mol, a finding supported by Gupta et al. who additionally
determined that nitrogen diﬀusion relieves the stresses in Fe-N thin films [162,163].
A similar conclusion is drawn by Tayal et al. who found that through doping with Zr or Al, the
thermal stability of iron rich iron nitrides can be improved. An estimation of the diﬀusivity for iron self
diﬀusion by PNR shows a reduction of the diﬀusion coeﬃcient upon introduction of Zr and Al [164].
By calculating the cohesive energy of α′′-Fe16−xZxN2 doped with Z = Cr, Mn, Co, or Ni and x = 1 or
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2, Huang et al. take a diﬀerent approach. Replacing two iron atoms with cobalt improves the cohesive
energy dramatically from 0.067 eV, for the initial α′′-phase, to −0.417 eV compared to chromium and
manganese which had a smaller but still significant impact and respective cohesive energies of −0.256
and −0.292 eV [165]. However, experimental results for cobalt doping provided by Takashi et al. suggest
a diﬀerent behaviour. With increasing cobalt content up to 30 at.%, the decomposition temperature of
the phase was systematically reduced down to room temperature, although an increase in the saturation
magnetization could be observed [116]. By supplementing 15wt.% nickel to their powder samples,
Wallace et al. observed reversible formation of the α′-phase at temperatures around 275K instead of
a moderately increased temperature stability. When manganese was added to their sample, the phase
formation was fully suppressed and only a nonmagnetic γ-Fe-Mn phase was obtained [143]. However,
the addition of only 3 to 10at.% titanium leads to an increased decomposition temperature of about
1070K as reported by Wang et al. [166].
These findings are qualitatively in good agreement with a classification of the eﬀect that alloying elements
have on the phase diagram of iron, a work which was cumulated by Bain in 1939. He states that the
addition of Co, Mn, or Ni would reduce the phase space of the α-phase, therefore leading to a reduced
formation temperature and stoichiometry window. Other elements, amongst which Ti can be found,
have the opposite eﬀect and reduce the formation window of the γ-phase up to eﬀectively suppressing
it [167]. It can be argued that by removing γ′-Fe4N as the next more stable nitride phase from the phase
diagram, the decomposition of α′′-Fe16N2 could be deferred. This could potentially lead to a higher
solubility of nitrogen in the α′-phase, which would result in a larger tetragonal distortion, thus giving
rise to a further increase in magnetic anisotropy [154]. The few existing reports in literature that deal
with the alloying of α′′-Fe16N2 substantiate the claim that the formation of the iron rich iron nitrides
can be influenced in accordance to the classification of Bain. Surprisingly, a systematic study based on
this at least 80 year old knowledge has yet to be performed in order to finally understand and thereby
tune the thermal stability as well as the magnetic properties of this family of compounds.
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5 Experimental investigation of the iron nitride phase diagram
One of the main objectives of this work was the growth, characterization, and potential modification of
α′-Fe8N and optionally α′′-Fe16N2. In order to resolve the origin of the variation of magnetic moment and
anisotropy reported (see table 1), a low temperature iron nitride thin film phase diagram was established
to provide a solid fundamental understanding of the iron nitride system as a first step. With a nitrogen
content of α′-Fe8N and α′′-Fe16N2 of about 11at.%, the experimental focus was set to the low nitrogen
content regime of the iron nitride phase diagram. Another point that had to be considered is the low
decomposition temperature of the α′- and α′′-phases below 473K, due to which temperatures above
623K, where the growth of the ε-phase would be expected according to the phase diagram, were not
explored [67]. In addition, according to a report by Sugita et al., the growth of α′-Fe8N by MBE with a
reasonable crystal quality is only possible with growth rates at or below 0.1Å/s, further restricting the
parameter space [77]. While the reduction of the iron growth rate proved to be unproblematic by MBE,
the least possible nitridation was limited by the operation window of the rf radical source, requiring a
minimum pressure in the discharge tube to strike and maintain a stable plasma. Samples grown during
preliminary experiments consisted of γ′-Fe4N or even ε-FexN for the lowest nitrogen flow and rf power
at which the plasma in the source would not break down. For this reason, the custom made aperture
and discharge tube, illustrated in appendix A were used. The target thickness for all films was 30nm
and all films could be reproduced with either e-gun or eﬀusion cell evaporation of iron.
In the following, the evaluation of the two growth temperature regimes, below 473K (section 5.1) and
at as well as above 473K (section 5.2) will be given. Below 473K, the parameters for α′-Fe8N as the
phase of interest are ascertained. A detailed optimization of α′-Fe8N growth parameters as well as a
discussion of the structural and magnetic properties are omitted at this point and included in the following
chapter. Based on the phases obtained at diﬀerent growth temperatures and nitridation conditions, a
low temperature MBE phase diagram will be presented in section 5.3.
5.1 Growth temperatures below 473K
For this initial study, the growth temperature was chosen to be 373K in order to allow α′-Fe8N to sta-
bilize and to maintain temperatures well below its decomposition. The iron deposition rate was varied
in 0.02Å/s steps from 0.04Å/s to 0.1Å/s while nitridation was kept constant at a flow of 0.7 standard
cubic centimetres per minute (sccm) and a power of 140W applied to the rf radical source.
The deposition was carried out onto MgO (100) substrates with a = b = c = 4.211Å, MgAl2O4 (MAO)
(100) substrates with a = b = c = 8.083Å, and Al2O3 (0001) with a = 4.7587Å and c = 12.9929Å.
α-Fe (a = b = c = 2.868Å [168]), α′-Fe8N, as well as α′′-Fe16N2 (a = b = 5.718Å [66, 69]) are ro-
tated by 45° in-plane with respect to MgO and MAO[100] . The resulting lattice mismatch is −3.68%
and −3.95% for MgO as well as 0.5% and 0.08% for MAO, respectively [123]. γ′-Fe4N (a = b = c =
3.790Å [169]) shows no in-plane rotation with respect to MgO and MAO[100] which translates to a
−10% and −6.2% lattice mismatch [123,170]. For the growth on c-cut Al2O3, no literature reports could
be found on the subject of the α- and α′-phases [152].
The XRD patterns of this series are displayed in Fig. 14, where the relative nitrogen content increases
from top to bottom in each panel by reducing the growth rates. For iron rates at and above 0.08Å/s,
the α-Fe reflex at 64.97° as well as the α′-Fe8N reflex at 58.64° can be observed for samples grown on
MgO and MAO substrates (Fig. 14(a) and (c)). Reducing the rate results in an increasing ε-FexN reflex
while the growth of α′-Fe8N is suppressed. An additional γ′-Fe4N peak can only be found for samples
grown at iron rates of 0.06Å/s and below with the growth being more favourable on MgO. For all inves-
tigated growth rates, a residual amount of iron is present in samples grown on MgO and MAO, evident
from the non vanishing peak. As expected, samples grown on Al2O3, their XRD patterns being shown
in figure 14(b), favour the growth of ε-FexN with decreasing growth rate, although the low intensity
peaks indicate a poor crystallinity. Additionally, samples grown at 0.08Å/s and above include a (011)
oriented α-Fe component and no evidence for the α′-phase can be found. From the order of appearance,
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it can be concluded that the hexagonal ε-FexN is more favourable than γ′-Fe4N at low temperatures
and mostly independent of the substrates used in this study. The general behaviour is in accordance
with the thermodynamic equilibrium phase diagram, where γ′-Fe4N occupies only a narrow composition
range [67,68]. However, the preferential growth of crystalline α-Fe, α′-Fe8N, and ε-FexN can be adjusted
by the choise of substrate and the corresponding crystal symmetry [152].
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Figure 14: XRD patterns of a series of Fe-N films with increasing iron deposition rate from 0.04Å/s to
0.1Å/s at constant nitridation conditions onto (a) MgO (100), (b) Al2O3 (0001), and (c)
MAO (100) substrates at a growth temperature of 373K. The star marks a substrate peak
of Al2O3 as well as MAO.
While Fig. 14 shows a rough scan through the phase diagram by the means of modifying the iron rate,
the nitrogen content can be fine-tuned by changing the rf power applied to the radical source producing
the atomic nitrogen. For this first estimation of suitable α′-Fe8N growth parameters, the rf power was
changed from 120 to 200W in steps of 20W at a constant nitrogen flow of 0.07 sccm. The substrate
temperature was kept as in the previous study at 373K. As shown in Fig. 15, the X-ray reflection
associated with Fe8Nx shifts towards the expected position with an increase of the rf power from 120
to 140W, indicating the elongation of the c-axis by introduction of nitrogen interstitials as previously
observed in sputtered Fe-N thin films [123]. At the same time, the peak intensity originating from the
(002) α-Fe reflection decreases strongly. For samples with rf powers beyond 140W, the peak intensity
of (004) reflection of α′-Fe8N continuously decreases. Finally, for the sample grown at an rf power of
200W, the α′-Fe8N reflex is lost and only a weak α-Fe reflex remains. No other Fe-N phase appeared in
this narrow region of growth parameters.
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Figure 15: XRD patterns of Fe-N thin films with rf powers ranging from 120 to 200W applied to the
nitrogen radical source grown on MgO (100) at 373K substrate temperature and a growth
rate of 0.1Å/s.
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5.2 Growth temperatures of and above 473K
In order to investigate the phase formation of γ′-Fe4N on MgO (100) in more detail, the substrate
temperature was increased to 473 and 623K and the nitrogen flow was varied. For this temperature
study, the iron rate as well as the rf power were kept constant at 0.1Å/s and 300W, respectively. At
each temperature, the nitrogen flow was then varied from 0.02 to 0.3 sccm. As can be seen in Fig. 16,
at 473K, γ′-Fe4N is stable over a wide range of nitrogen flow rates. Up to a flow of 0.07 sccm, the
intensity of the γ′-Fe4N (002) reflection increases continuously. Once the maximum intensity is reached,
the peak starts to shift to lower angles. This indicates, that it is possible to a certain extent to expand
the γ′-Fe4N lattice in growth direction by supplying additional nitrogen which is then incorporated,
for example, on interstitial positions. In-plane XRD measurements of the γ′-Fe4N (022) reflex further
corroborate these findings. As shown in Fig. 17, the c-axis lattice constant increases up to nitrogen flows
around 0.05 sccm, where a local plateau at c = 3.783Å is reached. At higher flows, the lattice constant
increases monotonously up to 3.858Å at flows of around 0.2 sccm, beyond which no further change can
be observed. The inset of Fig. 17 confirms that the in-plane lattice constant a shrinks from initially
approximately 3.816 down to 3.744Å, which, combined with the simultaneous expansion of the lattice
in c-direction, results in an anisotropic lattice expansion with a c/a ratio up to about 1.03 [152].
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Figure 16: XRD patterns of thin films grown on MgO (100) with an increasing (from top to bottom)
nitrogen flow through the radical source of 0 sccm, 0.02 to 0.10 sccm in 0.01 sccm steps, and
0.15 to 0.30 sccm in 0.05 sccm steps at a constant rf power of 300W at 473K.
The corresponding magnetization data of the previously discussed samples is shown in Fig. 18 where the
volume saturation magnetization, Ms, is plotted against the supplied nitrogen flow. Ms drops from the
pure α-Fe value to the expected saturation magnetization at a plateau for the range of nitrogen flows
around 0.05 sccm which result in lattice constants close to the reported literature values for pure γ′-Fe4N.
Upon further increase of nitrogen flow, the saturation magnetization drops down to about 1000 kA/m
(1000 emu/cm3) at 0.3 sccm. This could be either attributed to the eﬀect of interstitial nitrogen in
γ′-Fe4N and/or to the formation of amorphous or randomly oriented nanocrystallites of nitrogen rich
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Figure 17: Evolution of the c-axis lattice constant as a function of the nitrogen flow at constant rf power
of 300W at 473K. In the inset, in-plane (black square) and the respective out-of-plane lattice
constants (red circles) as well as the c/a ratio (blue triangles) are shown.
phases such as ε-FexN, ζ-Fe2N, and/or FeN. The first explanation is supported by the increased lattice
constant, as similarly observed for α′-Fe8Nx . The latter explanation is supported by the continuous
decrease of the density of the films as obtained from XRR, consistent with the decreasing density of
Fe-N phases with higher nitrogen content. Since the lattice constants show no further change at higher
flows while the density further decreases, it can be assumed that both eﬀects occur simultaneously with a
fraction of the nitrogen expanding the γ′-Fe4N lattice while the surplus is bound in the form of nitrogen
rich phases. Contrary to magnetic hardening of α′-Fe8Nx with x nearing unity, all samples containing
γ′-Fe4N show no change in their soft magnetic behaviour, even though the lattice is distorted towards
lower symmetry. This becomes obvious by comparing the half hysteresis curves of the lowest with the
highest utilized nitrogen flow in the inset of Fig. 18. Although no theoretical predictions are available
on the evolution of the anisotropy for distorted γ′-Fe4N, the reduced magnetic anisotropy of fcc iron
compared to its bcc allotrope implies that even in the case of γ′-Fe4N being tetragonalised would lead
to an increased magnetic anisotropy, the resulting magnetic properties would be inferior compared to
α′-Fe8N [152,171].
The highest growth temperature utilized in this study, 623K led to the growth of γ′-Fe4N, as seen
from the XRD patterns shown in Fig. 19. For these samples, an increase of the nitrogen flow did not
cause any systematic lattice expansion, the c-axis lattice constant being stable within a deviation of
approximately 0.15% (inset Fig. 19). Although no other crystalline iron nitride phases are present, the
measured saturation magnetization, shown in the inset of Fig. 19, is lower than the expected 1432 kA/m
(1432 emu/cm3) and decreases with increasing nitrogen flow. Similar to the samples grown at lower
temperatures, this phenomenon can be explained by the formation of amorphous or nanocrystalline
nitrogen rich iron nitrides. However, at elevated temperatures, γ′-Fe4N is the most stable phase, a
finding which is also supported by reports of 623K being close to the optimum growth temperature of
γ′-Fe4N [123,172,173].
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Figure 18: Saturation magnetization at 300K and density versus nitrogen flow of samples grown at 473K.
The inset depicts a comparison between the magnetization curves for the lowest (black) and
highest flow (red) utilized.




































Figure 19: XRD patterns of γ′-Fe4N thin films grown on MgO (100) at diﬀerent nitridation conditions
at 623K. In the inset, the c-axis lattice constant (blue) and saturation magnetization Ms
(black) are shown.
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5.3 Low temperature MBE phase diagram
The results of the investigation of the growth of iron nitride thin films by MBE using a nitrogen radical
source can be summarized in a thin film phase diagram as shown in Fig. 20. The nitrogen content was
approximated by the occurrence of the corresponding iron nitride phases in the XRD patterns as well as
the lattice constant of α′-Fe8Nx . At 373K and for low nitrogen content, a mixture of α-Fe without and
with N interstitials, corresponding to α′-Fe8Nx , is found. Here, α′-Fe8N seems to be a fix point where
also the ordered phase, α′′-Fe16N2, exists, although no evidence of it was found in the as deposited films.
Beyond the corresponding nitrogen content of 11.1%, there is a coexistence region of α-Fe, α′-Fe8N,
γ′-Fe4N, and ε-FexN. For the samples grown at 473K, the thin film phase diagram reproduces almost the
thermodynamic equilibrium phase diagram. However, the growth window of γ′-Fe4N at temperatures
above approximately 450K is larger than expected from the thermodynamic equilibrium phase diagram
where γ′-Fe4N occupies only a needle shaped region around its optimal nitrogen content of 20%. Phase
pure samples of γ′-Fe4N can be obtained only at further increased temperatures, e.g., at 623K with a
broader range of nitridation. For the nitrogen content exceeding roughly 20%, a coexistence of γ′-Fe4N
and ε-FexN can be observed. In an intermediate temperature range, γ′-Fe4N forms predominantly, mixed
with residual α-Fe occurring in parallel at lower nitridation conditions [152].






































Nitrogen content, at. %
Figure 20: MBE thin film phase diagram of the iron nitride system, with the nitrogen being supplied by
a nitrogen radical source. The experimental points used for this phase diagram are indicated
by the crosses.
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6 Growth and characterization of α′-Fe8N
Since Dirba et al. determined that the ordered phase, α′′-Fe16N2, is not required in order to achieve high
magnetic moments and an elevated magnetic anisotropy, the focus of this work lies on the disordered but
otherwise equivalent α′-Fe8N [123]. Based on the initial investigation described previously in section 5.1,
a detailed analysis of the magnetic properties of α′-Fe8N as a function of the growth conditions as well as
the resulting structural properties will be given in section 6.1. In the following, a comparison of samples
synthesized by both utilized thin film growth methods, MBE and sputtering, is given in section 6.2. In
addition, the eﬀect of diﬀerent substrates and film thicknesses on the phase formation and the magnetic
properties is described in section 6.3. Section 6.4 elucidates the decomposition temperature of α′-Fe8N by
prolonged annealing of samples in vacuum. Cobalt doping as a potential means to improve the thermal
stability of α′-Fe8N in accordance with Huang et al. was performed and is described in section 6.5 [165].
Finally, a brief discussion of the magnetic properties of α′-Fe8N with respect to its potential use as a
permanent magnet is given in section 6.6.
All samples in this study were grown with a target thickness of 30nm and were capped with a 5 to
10nm thick film of either Al, Ag, or Ta, with Ag and Ta employed for the MBE grown films and Al
utilized solely for samples synthesized by sputtering. The thickness was chosen in order to achieve a
fully closed layer which was to be thicker than the native oxide in order to prevent oxidation of the Fe-N
films [174]. While Ag is diamagnetic with a volume susceptibility of χV of −2.38× 10−5, Al and Ta are
paramagnetic with susceptibilities of 2.10×10−5 and 8.49×10−7, respectively [18,175]. However, since
these susceptibilities are much smaller than that of α-Fe with 1.74×106, their linear contribution could
be subtracted from the SQUID M versus H measurements [18].
6.1 α′-Fe8N formation and properties grown by MBE
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Figure 21: Evolution of Ms(300K) and RMS roughness in α′-
Fe8N samples as a function of growth temperature.
As a first step, a detailed study of
the formation of α′-Fe8N as a function
of growth temperature was performed
on MgO (100) substrates. To fill the
gaps in the previously performed study,
the growth temperature was varied be-
tween 373 and 573K at a nitrogen flow
of 0.07 sccm and an rf power of 145W.
As can be seen in Fig. 22, the incorpora-
tion of nitrogen as well as the amount of
residual α-Fe in the samples is strongly
dependent on the growth temperature.
For 373 and 393K, the α′-Fe8N (004)
reflex is not fully shifted to the expected
position and, additionally, a significant
α-Fe (002) reflex can be observed. At
around 413K, the residual iron is the
lowest of all samples. At higher tem-
peratures of 433K and above, the α′-
Fe8N reflex vanishes and the α-Fe reflex becomes more prominent. Finally, starting at 473K, a small
γ′-Fe4N (002) reflex appears and becomes more prominent with increased temperature. This is mirrored
by the saturation magnetization at 300K (see Fig. 21) which, up to approximately 453K, decreases
continuously with growth temperature. For higher temperatures, the saturation magnetization remains
mostly constant until, at 573K, it is strongly increased, albeit with a large error. Most likely, the first
temperature regime is dominated by the formation of α′-Fe8N with diminishing amounts of α-Fe in the
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samples, in addition to amorphous or nanocrystalline nitrogen rich nitrides becoming more prominent
at increased temperatures. In the intermediate temperature regime, γ′-Fe4N crystallizes while the for-
mation of the α′-phase is impeded, which causes α-Fe to become more prominent. Finally, both α-Fe
and γ′-Fe4N crystals form in the samples grown at higher temperatures, resulting in an increasing defect
density. The dramatically increasing RMS roughness that was extracted from XRR fits, represented by
the second y-axis in Fig. 21, supports this explanation.





















'-Fe4N (002) -Fe (002)'-Fe8N (004)
373 K
Figure 22: XRD patterns of Fe-N thin films with constant nitridation conditions grown on MgO (100)
at substrate temperatures between 373 and 573K and a growth rate of 0.1Å/s.















Figure 23: φ-scan of α′-Fe8N (022) with respect to MgO (022).
The first study presented in section 5.1
showed, in accordance with the phase
diagram, that only a narrow window of
nitrogen concentration allows the for-
mation of α′-Fe8N. A fine-scan of the
rf power between 125 and 150W with
an increment of 5W was performed at
a constant flow of 0.07 sccm in order
to find the optimal nitridation condi-
tions. The XRD patterns of the corre-
sponding samples are shown in Fig. 24.
For rf powers up to 140W, the α′-Fe8N
(004) reflex shifts to lower angles un-
til finally coming close to the expected
value, thus connoting a tetragonal dis-
tortion. In addition to the peak shift, a residual amount of α-Fe, as indicated by a low intensity (002)
reflex around 65°, can be found in all samples. Further increase of the nitrogen content results in a
reduced peak intensity. Additionally, a φ-scan of α′-Fe8N (022) and MgO (022) of the sample grown
at 140W (Fig. 23) reveals the relative growth orientation with α′-Fe8N [110] ‖ MgO[100]. As a result,
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the lattice mismatch to MgO increases from the starting material α-Fe with −3.68% up to −5.58% for
stoichiometric α′-Fe8N.
During the sample preparation, the growth was in-situ monitored via RHEED with an acceleration volt-
age of 30 kV in order to identify the growth mode as well as to get an insight on the evolution of the
in-plane lattice constant of α′-Fe8N. RHEED pictures were extracted in 10Å intervals of film thickness
as monitored by the QCM of the iron source. As can be seen from the sample grown with an rf power
of 145W of the series displayed in Fig. 24 with its RHEED patterns shown from Fig. 25(a) to 25(f), the
initial growth mode is layer-by-layer growth with sharp streaks up to thicknesses of approximately 20Å.
The broadening of the streaks and general loss of intensity from thicknesses of 40Å and above indicates
an increased defect density and/or reduced crystal quality and therefore a relaxation of the film, although
the growth mode remains the same. Interestingly, at thicknesses beyond 200Å, an additional pattern
becomes visible. Although the intensity of the pattern is comparable or even higher than the streak
pattern, no additional XRD peaks could be found at this time. Later, this pattern could be attributed
to the growth of (011) out-of-plane oriented α-Fe, an eﬀect that was observed for both, nitrogen and
boron incorporation and is discussed in further detail in the appendix, section B.
Due to the camera having a resolution of 640 × 480 pixels in this RHEED setup, one pixel at 30 kV
corresponds to 0.06Å, thereby representing the minimum observable change in the lattice. It is expected
that the in-plane lattice changes from α-Fe with a = b = 2.868Å to α′-Fe8N with a/2= b/2= 2.859Å,
with a diﬀerence of 0.009Å that is much smaller than the aforementioned resolution [69]. In addition,
the diﬀuse nature of the streaks results in further inaccuracies amounting to approximately 0.2Å, due to
which a reasonable estimation of the in-plane lattice constants by RHEED was found to be not feasible.




















Ts = 373 K
-Fe4N (002)
Figure 24: XRD patterns of Fe-N thin films with rf powers ranging from 125 to 150W applied to the
nitrogen radical source grown on MgO (100) at 373K substrate temperature and a growth
rate of 0.1Å/s [152].
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(a) MgO RHEED pattern. (b) RHEED pattern at 10Å.
(c) RHEED pattern at 20Å. (d) RHEED pattern at 30Å.
(e) RHEED pattern at 50Å. (f) RHEED pattern at 300Å.
Figure 25: RHEED patterns of α′-Fe8N grown with a rate of 0.1Å/s and an rf power of 145W for
increasing film thicknesses. The electron beam is parallel to the (100) orientation of MgO.
Through the tetragonal distortion, the magnetic hard axis of α-Fe tilts into the film plane and an increase
of the magnetic anisotropy occurs and becomes more prominent with increasing c/a ratio. The magnetic
anisotropy of the films (see Fig. 26) increased from about K1 = 2.9× 104 J/m3 (2.9× 105 erg/cm3) for
the lowest rf power to a maximum of about 1.19× 105 J/m3 (1.19× 106 erg/cm3) for the sample syn-
thesized at 145W of rf power. This value lies within the reported range of 4.8× 104 to 1.6× 106 J/m3
(4.8 × 105 to 1.6× 107 erg/cm3), despite the first two samples exhibiting K1 values lower than that
of α-iron [77, 111]. As opposed to the magnetic anisotropy, the volume saturation magnetization at
room temperature shows, except for one sample, a continuously decreasing trend, ultimately resulting
in a lower magnetization value as compared to α-Fe. Here, the increase in absolute magnetic moment
is counteracted by the increased volume of the unit cell in α′-Fe8Nx , a trend which will be discussed
in more detail in the following section. The inset of Fig. 26 shows in-plane and out-of-plane volume
magnetization as a function of applied magnetic field for a sample grown with 150W rf power. In-
plane data identifies clearly the hard axis of the grown α′-Fe8Nx , whereas out-of-plane data denotes to
a shape anisotropy field of around 2T (20 kOe). A pure α-Fe sample (without nitrogen) exhibits an Ms
of 1702 kA/m (1702 emu/cm3) and a K1 of 4.1× 104 J/m3 (4.1× 105 erg/cm3), which is in reasonable
agreement with the known literature values [152].
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Figure 26: Saturation magnetization Ms(300K) (squares) and anisotropy constant K1 (circles) of α′-
Fe8Nx as a function of the rf power applied to the nitrogen radical source. The inset shows
the MV-H-curves of the sample grown with 150W rf power.
Since the Curie temperature of α′′-Fe16N2 and α′-Fe8N is higher than the decomposition temperature,
only few attempts to estimate it were performed. Sugita et al. estimated the TC of their α′′-Fe16N2
containing thin film samples around 813K [77]. In comparison, Dirba et al. synthesized nearly phase
pure α′′-Fe16N2 nanoparticles which exhibited a lower TC of 634K, an eﬀect that was attributed to
either surface eﬀects of the nanoparticles or an overestimated TC of Sugita et al. due to their mean-field
based fit [138]. While the temperature range available in the utilized MPMS is limited to an upper
temperature of 350K, an attempt to fit the data in a meaningful manner was made. Initially, a bare
MgO substrate was measured with the same conditions as the α-Fe and α′-Fe8N samples that were
investigated. This step was necessary in order to eliminate or at least reduce the contribution of the
paramagnetic impurities, for example Mg surface defects, within the MgO substrates since they become
significant at low temperatures [176]. After subtracting the substrate eﬀect of the measurement, the
corrected data was fitted to the equation
Ms(T ) = Ms(0K)[1− s( TTC )
3/2 − (1− s)( T
TC
)p]1/3 (79)
with p > 3/2 and 5/2> s > 0 which was proposed by Kuz’min [177]. The fitting parameter p is empirical
while






depends on the spin-wave stiﬀness D, the 0K magnetization, and the TC [177]. The resulting corrected
data as well as the fits are displayed in Fig. 27. A reasonable overall conformity can be achieved, although
the measurement deviates from the fit for temperatures below approximately 70K, an eﬀect that is most
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likely caused by the paramagnetic nature of the Ta capping layer utilized for this study. Due to this
eﬀect, a meaningful 0K saturation magnetization value could not be extracted from the fits. Despite these
challenges and a consequential large error, the fitted Curie temperature for α-Fe is (1056± 56)K which
lies in good agreement with the literature value of 1044K [49]. The fitting parameters s = 0.43± 0.03
and p = 3.18 ± 0.44 are, with the expected inaccuracy caused by fitting only a fraction of the whole
temperature range between 0K and the Curie temperature, comparable to Kuz’min’s findings of 0.35
and 4 for s and p, respectively, thereby confirming the viability of the procedure. Accordingly, the spin
wave stiﬀness D = (271± 27)meVÅ2 lies close to the reported value of (307± 15)meVÅ2 [178]. α′-Fe8N
is found to have a TC of (770± 73)K, a larger value than the reported TC of Dirba et al.. However,
the general trend for an increased TC as a function of decreasing interstitial nitrogen content points
towards a higher Curie temperature than that of γ′-Fe4N with 767K [63,179]. Compared to α-Fe, the s
parameter of α′-Fe8N is found to be significantly larger with 0.5± 0.1 which, in combination with the
lower TC , results in a reduced spin wave stiﬀness of (180± 41)meVÅ2, much higher than the reported
70meVÅ2 [99]. More precise values for TC and s require a larger temperature range to be measured
in addition to utilizing a diamagnetic capping layer like silver. Measuring the M against T behaviour
of each substrate in the SQUID prior to the film deposition could further improve the measurement,
evident from the varying magnetic responses that were obtained from substrates which originated from
the same single crystal and production batch.



















Tc,fit( -Fe) = (1056±85) K
Tc,fit( '-Fe8N) = (770±73) K 
Figure 27: Magnetization versus temperature measurements from 10 to 350K for α-Fe and α′-Fe8N. The
displayed Curie temperatures were extracted by fitting the curves from 100 to 350K.
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6.2 α′-Fe8N growth via sputtering
A set of films was synthesized by rf magnetron sputtering in the unit described in section 2.3 in addition
to the previous studies which were exclusively performed on MBE grown samples. In general, MBE
allows for lower rates, smoother interfaces, and a more uniform growth through the feedback available
via in-situ growth monitoring. However, when using sputtering, the kinetics of film growth can be ad-
justed by the pressure of the sputtering gas in the chamber. In this specific case, sputtering allowed for
a continuous study starting from pure α-Fe up to α′-Fe8N, a series which could not be performed with
MBE due to the limits imposed by the operation window of the rf radical source.




















Figure 28: XRD patterns of samples grown on MgO (100) by rf magnetron sputtering with a back-
ground pressure of 5Pa (0.05mbar), a total flow into the chamber of 4 sccm, 373K growth
temperature, 5.5 cm substrate to target distance, and 100W rf power.
After a brief optimization, the growth conditions were set to a background pressure of 5Pa (0.05mbar)
with a total flow into the chamber of 4 sccm, 373K growth temperature, 5.5 cm substrate to target
distance, and 100W rf power. The nitridation was carried out via introduction of a 90 : 10 ratio Ar to
N2 gas from Air Liquide S.A. with a purity of 99.999% by adjusting the flow ratio of pure Ar to the
Ar:N2 mixture from 4 : 0 to 0.3 : 3.7 sccm in 0.1 sccm steps. The XRD patterns of the resulting samples,
shown in Fig. 28, confirm a linear evolution of the peak position to lower angles. Although, similar to
the samples grown by MBE, residual α-Fe is present in the samples, its formation could be strongly
modified by varying the background pressure in the chamber. In contrast, the temperature only had a
minor influence on the phase formation. This is to be expected, since the formation of α′-Fe8N is strongly
limited by its low decomposition temperature, which results in a narrow thermodynamic window. The
growth kinetics, however, are not impeded, thus oﬀering a parameter which can be tuned in a wide range.
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Figure 29: Comparison of Ms (squares) and K1 (circles) at
300K for sputtered (filled symbols) and MBE grown
(open symbols) samples.
The anisotropy constant K1, derived
from the anisotropy field Ha accord-
ing to equation 69, as well as the
saturation magnetization as a func-
tion of the c-axis lattice constant for
sputtered and MBE grown samples
are shown in Fig. 29. It can be
seen that the sputtered samples ex-
hibit a significantly higher anisotropy of
2.05× 105 J/m3 (2.05× 106 erg/cm3)
compared to 1.19 × 105 J/m3 (1.19×
104 erg/cm3) for MBE grown films
with the whole curve being shifted to
lower lattice constant values by approx-
imately 0.05Å. Interestingly, the satu-
ration magnetization of samples grown
by both techniques lie in close proxim-
ity to each other, indicating that the
phase formation during growth is simi-
lar for both techniques, albeit with a diﬀerent local ordering being achieved during sputtering. However,
the sputtered α′-Fe8N film exhibits an RMS interface roughness of 2.1 nm, one order of magnitude higher
compared to a roughness of 0.15 nm for a similar sample synthesized by MBE, evident from the XRR
(Fig. 30). Here, the MBE grown film shows clear oscillations beyond 2θ values of 8°.
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Figure 30: XRR measurements (straight lines) and fitted
curves (crosses) for two α′-Fe8N samples; one grown
by MBE and one grown by sputtering.
The increased roughness was most
likely caused by Ar bombardment of
the growing film due to the small sub-
strate to target distance which resulted
in the sample being immersed in the
plasma discharge. This was necessary
to achieve a suﬃciently high iron rate
for the proper Fe:N ratio. The evolu-
tion of the magnetic moment as well as
the density of the films which was de-
rived from fitted XRR curves are dis-
played as a function of the c-axis lat-
tice constant in Fig. 31. In accordance
to Vegard’s law [180], the c-axis lat-
tice constant elongates as a linear func-
tion of the nitrogen flow, evident from
the inset in Fig. 31, while the den-
sity decreases simultaneously. Similar
to the results obtained by Dirba et al.,
the magnetic moment increases contin-
uously from (2.28 ± 0.07) to (2.47 ± 0.07)µB/Fe with the c-axis elongation [123]. At the same time,
the in-plane lattice constant shrinks from 2.864 to 2.811Å with both, the α-Fe and the α′-Fe8N lattice
constant, being slightly smaller than the reported values of 2.868 and 2.839Å, respectively [69, 168].
While a deviation of thin film lattice constants compared to the bulk values is expected, it is surprising
that the negatively mismatched films exhibit smaller lattice constants. Since only the relative crystallo-
graphic orientation of the film to the substrate are known from φ-scans, the precise atomic arrangement
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at the interface would require further study with, for example, high resolution TEM in order resolve the
reason for the diminished lattice constants.
In order to confirm the evolution of the magnetic moments and get further insight on the orbital and spin
contribution, X-ray magnetic circular dichroism (XMCD) with self-absorption correction was performed
at ANKA by Yu-Chun Chen from MPI IS Stuttgart. To eliminate a potential eﬀect of a heavy capping
layer material on the measurement, the films were capped with 3nm thin aluminium instead of tantalum.
Additionally, DFT calculations of the orbital and spin contributions of α-Fe and α′-Fe8N were carried
out by Hongbin Zhang from TU Darmstadt for comparison. Fig. 32 shows the total magnetic moment
obtained from these diﬀerent methods. The data derived from SQUID measurements at 300K agrees
well with the presently preliminary XMCD values measured at 10K, even though a higher moment is
expected for the lower measurement temperature. This deviation is most likely due to the error resulting
from the thickness and density fitting of the XRR data. In comparison, the magnetic moments calculated
by DFT are lower than expected for α′-Fe8N. During the studies encompassed in this work, no evidence
of an extraordinarily large ‚giant‘ magnetic moment was found [71].
Unfortunately, the ratio of orbital to spin moment ml/ms for all samples, shown in the inset of Fig. 32, is
around 0.09 and mostly constant over the whole range of nitrogen content. For reasons unknown so far,
this is several times higher than the reported values for the case of α-Fe which has an ml/ms of 0.043
for 5 to 7nm thin films [181]. Only in iron clusters containing 2 to 9 atoms, an increase to 0.08− 0.22
was observed [182].
0.0 0.1 0.2 0.3












































Figure 31: Density (black) and magnetic moment (blue) of sputter grown α′-Fe8Nx films as a function
of the c-axis lattice constant. The inset depicts the evolution of the c-axis as a function of
nitrogen flow with a linear fit through the data points.
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 SQUID + XRR at 300 K





Figure 32: Magnetic moment determined by SQUID (black) and XMCD (red) measurements at 300 and
10K of sputter grown α′-Fe8Nx films, respectively, as well as DFT calculations (blue) as a
function of the nitrogen content. The inset shows the evolution of the ratio of orbital to spin
moment, ml/ms.
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6.3 Thickness study of α′-Fe8N on MgO, MAO, and STO
To determine the role of interface eﬀects on the structural and magnetic properties of α′-Fe8N, MgO,
MAO, and SrTiO3 (STO) substrates were used with a growth temperature of 403K, an iron rate of
0.1Å/s, and nitridation parameters of 0.07 sccm and 140W. With α′-Fe8N expected to grow 45° ro-
tated with respect to these three substrates, the in-plane lattice mismatch corresponds to −3.95, 0.08,
and 3.58%. In addition, samples with three thicknesses of around 30, 50, and 70nm were grown, as
shown in Fig. 33. To ensure identical growth conditions between the diﬀerent substrates, all samples
of the same thickness were synthesized in the same deposition. Interestingly, although the mismatch of
STO is similar to that of MgO, albeit with reversed sign, α′-Fe8N could not be observed in the samples.
When comparing MgO and MAO, the samples have a matching ratio of α-Fe to α′-Fe8N with higher
average X-ray intensities for MAO grown samples, indicating a better crystal growth taking place with

























Figure 33: Influence of diﬀerent substrates with −3.95% (MgO, left graph), 0.08% (MAO, centre graph),
and 3.58% (STO, right graph) mismatch on the XRD patterns of 30, 50, and 70nm thick
α′-Fe8N films grown at 408K with 140W rf power, a nitrogen flow of 0.07 sccm and an iron
growth rate of 0.1Å/s.
The SQUID measurements, shown in Fig. 35, confirm this general trend. For STO, no significant
magnetic hardening can be observed, while for MgO and MAO the anisotropy field is increased. For
MgO grown samples, the anisotropy field µ0Ha is at around 0.15T (Ha = 1500Oe) compared to α′-Fe8N
on MAO with µ0Ha = 0.2 T (Ha = 2000Oe). However, the scaling of Ha with sample thickness has to
be considered carefully. While the increased hardening for lower mismatch points to improved properties
for relaxed, ergo thicker films, samples discussed in 6.1 achieved similarly high Ha even for thicknesses
of around 30nm. A potential reason for these discrepancies is the mass flow controller which regulates
the nitrogen flow into the radical source. It is strongly aﬀected by the close proximity to the source due
to rf stray fields caused by the plasma discharge. This leads to small variations of flow in the range of
0.01 sccm which were observed to cause significant changes in the magnetic properties. While this issue
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Table 2: Suitable buﬀer layer materials, their lattice constants (taken from [183]), and the respective
mismatch to α′-Fe8N with a = b = 5.718Å.
Material Lattice constant/Å Diagonal/Å Mismatch/%
Pd 3.891 5.501 4.0
Pt 3.923 5.548 3.1
Al 4.049 5.726 −0.1
Cr 2.884(×2) − −0.7
Au 4.079 5.769 −0.8
Sn 5.831 − −1.9





















Figure 34: Ms(300K) of Fig. 35 and plotted against the α′-
Fe8N layer thickness for MgO, MAO, and STO.
Contrary to Yang et al. and Ji et al.,
who observed an up to 20% increased
magnetization with tensile strain by
either utilizing an Ag underlayer or
Fe underlayers on MgO with diﬀerent
thicknesses, the magnetization for these
samples does not display a trend as
a function of mismatch (Fig. 34) [118,
119]. For all substrates, RMS interface
roughnesses, which were determined by
XRR fitting, scale with layer thick-
ness, thus further indicating that a re-
laxation is taking place for all films.
Surprisingly, despite MgO having a
large negative mismatch to α′-Fe8N,
the roughnesses are almost identical
to those found for samples grown on
MAO. However, α′-Fe8N with a com-
pressive strain to STO at the interface
exhibit a large roughness of 4.6 nm for the approximately 70nm thick film.
It stands to reason that a mismatch between that of MAO and MgO could be beneficial for the growth of
α′-Fe8N. The mismatch could be engineered by either utilizing suﬃciently thick, therefore fully relaxed,
underlayers of suitable compounds, diﬀerent substrates, or diﬀerent underlayer thicknesses on a fixed
substrate. However, to allow a precise determination of the magnetization, non-ferromagnetic materials
should be chosen as buﬀer layers. A list of elemental buﬀer layer candidates with their respective mis-
match to α′-Fe8N is given in table 2.
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Figure 35: Room temperature half hysteresis SQUID measurements of α′-Fe8N films with MgO, MAO,
and STO substrates as a function of the thickness.
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6.4 Annealing of α′-Fe8N












































Annealing time t (h)
Figure 36: Comparison of room temperature SQUID measure-
ments before and after annealing for 45 hours at
423K. The inset shows the position of the α′-Fe8N
(004) reflex as a function of annealing time.
According to established literature re-
ports, the ordered phase α′′-Fe16N2 can
be obtained from samples containing
near phase pure α′-Fe8N by annealing
them at temperatures between 373 and
473K. This induces a regular arrange-
ment of the Fe-N octahedra in the sam-
ple and, as discussed in section 4.1, po-
tentially results in an increased satura-
tion magnetization. In order to inves-
tigate this eﬀect, an MBE grown sam-
ple was subjected to an annealing pro-
cedure in a vacuum of approximately
5× 10−3 Pa (10−5mbar) for a total of
45 hours at 423K. The experiment
was conducted in an Anton-Paar heat
dome, which allows to immediately ob-
serve any structural evolution by in-situ
XRD measurements. In Fig. 37 the re-
sults from 26 to 32° 2θ , to check the
possible appearance of the α′′-Fe16N2
(002) superstructure reflex, and additionally from 55 to 67 to 32° 2θ , to monitor any change in the
(004) reflex, are displayed.
























Figure 37: XRD patterns for (a) 26 to 32° and (b) 55 to 67 to 32° 2θ of an α′-Fe8N sample annealed
at 423K.
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Even for annealing times of 45 hours, the superstructure reflex that is expected to lie at 2θ = 28.35°
does not appear, evident from Fig. 37(a). In addition, no significant increase of the α′-Fe8N (004) peak
intensity nor a peak shift (Fig. 36 inset) can be observed, as shown in figure 37(b). At the same time, iron
recrystallizes in the sample, illustrated by the (002) reflection of α-Fe becoming more pronounced. This
indicates a degradation of the phase, although the annealing temperature is well below the decomposition
temperature given in most reports, around 453 to 473K, as summarized in section 4.3. The degradation
of the phase is also mirrored by the inferior magnetic properties, as evident by a direct comparison of the
sample before and after the annealing experiment in Fig. 36. Both, saturation magnetization as well as
anisotropy field are reduced after the annealing, reverting the sample from its semi-hard back to a soft
magnetic behaviour, an eﬀect also observed by Jiang et al. for annealing at 473K [96]. Yamamoto et al.
and Widenmeyer et al. both found similar properties for nanoparticle samples of α′′-Fe16N2, with the
start of decomposition lying at around 373K and the full decomposition requiring several tens of hours
or longer [155, 157]. Although the applied temperature utilized in this experiment would be expected
to result in a decomposition of approximately 2% of the phase according to Yamamoto et al., a more
advanced decay could be caused by higher eﬀective sample temperatures within the heat dome. However,
a reduction of the magnetic anisotropy through diﬀerences in the local ordering does not require a large
volume fraction of decomposed α′-phase. Similarly, the coercivity of a Fe-N magnet could significantly
degrade by the decomposition into α-Fe, which acts as a centre for magnetization reversal.
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Figure 38: Comparison of room temperature SQUID measure-
ments before and after annealing for 55 hours at
353K. The inset shows the position of the α′-Fe8N
(004) reflex as a function of annealing time.
To verify the results of Yamamoto et
al., who extrapolated a long term sta-
bility for temperatures of 353K or
lower [155], a second sample was an-
nealed at this temperature for a total
of 55 hours, with otherwise identical
conditions to the previous experiment.
Similar to the previous experiment, the
α′′-Fe16N2 (002) superstructure reflex
does not appear in the XRD patterns
plotted in Fig. 39(a). There are two
possible reasons for this. For one, the
intensity of the superstructure reflex is
significantly lower than the (004) re-
flex with an expected intensity ratio of
1 : 13.8 for a sample with perfectly or-
dered Fe6N octahedra [184]. However,
even for this ideal case, the peak inten-
sity would lie below the noise level of
the XRD measurement. Another pos-
sibility for the absence of a long range
ordering could be an insuﬃcient temperature. Contrary to the previous experiment, the intensity of the
α-Fe (002) reflex is not increased over the course of the experiment (see Fig. 39(b)), thereby giving a
first indicator for the stability of the α′-phase at this temperature. This claim is confirmed by SQUID
measurements, shown in figure 38. While the magnetic anisotropy is not as high as for the previously
utilized sample due to diﬀerences in the stoichiometry, the measurements before and after the annealing
step are essentially identical.
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Figure 39: XRD patterns for (a) 26 to 32° and (b) 55 to 67 to 32° 2θ of an α′-Fe8N sample annealed
at 353K.
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6.5 Substitution of Fe by Co in α′-Fe8N
DFT simulations reported by Huang et al. show that by replacing one iron atom with cobalt in α′′-
Fe16N2, a significant increase in the cohesive energy and therefore a decreased decomposition temperature
of the phase could be achieved. Interestingly, the opposite eﬀect is obtained once two iron atoms are
substituted, resulting in a decrease of the cohesive energy to negative values around −0.42 eV [165].
While a study with Co content up to 30at.% was already performed by Takahashi et al., the inves-
tigated stoichiometries were beyond the Co content equivalent to Fe14Co2N2, which could explain the
reported issues in forming such a phase [116].
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Figure 40: X-ray measurements of (Fe100−xCox)8N samples grown on MgO (100) with 140W rf power
at 408K and a total growth rate of 0.1Å/s.
To investigate this stoichiometry range, (Fe100−xCox)8N films were grown by MBE. The growth pa-
rameters were chosen to be 140W rf power, 408K growth temperature, and a total growth rate of
0.1Å/s in order to achieve an optimum crystal growth, as described in section 6.1. The Co growth
rates of 0.006, 0.008, and 0.012Å/s were calculated for a sticking coeﬃcient of 100% in accordance
to the desired iron to cobalt ratio of 15 : 1, 14.5 : 1.5, and 14 : 2, respectively. In addition, two
non-stoichiometric samples with Fe:Co ratios of 85 : 15 and 80 : 20 were synthesized with Co rates
of 0.014 and 0.019Å/s. As can be seen from the XRD patterns shown in Fig. 40, the lowest Co
rate inhibits a tetragonal distortion of the unit cell within the sample. However, the α-Fe (002) re-
flex is strongly asymmetric with a FWHM of 5.8°, with the corresponding widths of 1.8 and 4° for
the higher and the lower angle flank, respectively. Generally, reasons for XRD peak asymmetries are
distributions of crystallite sizes or stacking faults as well as strain [185]. It stands to reason that the
low growth temperature utilized for the samples leads to a reduced surface diﬀusion, resulting in in-
homogeneously distributed Co. Due to cobalt locally reducing the incorporation of nitrogen in Fe8Nx ,
a distribution of unit cell sizes and therefore varying levels of strain can be assumed as the reason
for the peak asymmetry. This is supported by the samples grown with higher cobalt rates, where the
asymmetric peak gradually reverts to a symmetric reflex at 64.5°. Higher rates lead to a more ho-
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mogeneous cobalt distribution, resulting in a significantly limited but homogeneous incorporation of
nitrogen. However, the XRD reflexes could originate from a mixture of α′-Fe8Nx with amorphous Co
or FeCo with interstitial N. In case of the formation of a FeCo alloy with lattice constants correspond-
ing to a = b = c = 2.867, 2.866, and 2.860Å for Fe94Co6, Fe87.7Co12.3, and Fe71Co29, respectively, an
increasing relative peak shift from 0.4 to 0.6° would be observed as a function of the Co content [186–188].
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Figure 41: Room temperature half hysteresis curves of (a)
(Fe100−xCox)8N samples shown in Fig. 40 and (b)
(Fe93.6Co6.4)8N samples grown with increasing rf
power. The insets depict Ms against the Co con-
tent and rf power, respectively.
Further analysis by the in-plane SQUID
measurements, shown in Fig. 41(a), re-
veal that all samples exhibit a soft
magnetic behaviour. The satura-
tion magnetization (inset Fig. 41(a))
has a maximum at the Co content
corresponding to the Fe:Co ratio of
14 : 2 and decreases at higher con-
centrations. Despite the increase
of Ms for one sample, K1 remains
near constant with 2.5× 104 J/m3
(2.5× 105 erg/cm3), which is larger
than the reported anisotropies amount-
ing to less than 7.3× 103 J/m3 (7.3×104
erg/cm3) for FeCo alloys of varying
composition [189, 190]. However, this
magnetic anisotropy is lower than that
of pure α′-Fe8N and falls short of K1 =
3.18× 106 J/m3 (3.18× 107 erg/cm3),
predicted by Zhao et al. through DFT
calculations, for Fe12Co4N2 [191].
By fitting the temperature dependent
magnetization data according to the
equation proposed by Kuz’min and sub-
tracting the substrate contribution in
the manner described in section 6.1, the
curves shown in Fig. 42 are obtained.
The corresponding Curie temperatures
for samples with Fe:Co ratios of 15 : 1,
14 : 2 and 80 : 20 are (699 ± 43),
(730 ± 79), and (955± 17)K, respec-
tively. An increase in Co content results
in an increased Curie temperature, al-
though the samples with 15 : 1 and
14 : 2 Fe:Co ratio exhibit a slightly
lower TC compared to α′-Fe8N. It can be concluded that this is likely due to the formation of FeCo
phases, whose TC is known to increase as a function of the Co content, in parallel to locally forming iron
nitrides instead of forming a FeCoN alloy [151]. Especially for the samples with low Co content, diﬃ-
culties were encountered when fitting the experimental data. This could only be reduced by separately
fitting two temperature ranges, below 200K and above. By doing so, each sample could be fitted by a
TC well above 1000K, which is in the range of the expected values for FeCo and a significantly lower
TC . While these results initially appear to be contradictory to Takahashi et al., a significant nitrogen
incorporation, as reported, was not achieved in this study [116].
In addition to varying the utilized Co rate, the eﬀect of additional nitrogen by increasing the rf power was
Version: February 12, 2018 67
studied for the rates corresponding to a Fe:Co ratio of 15 : 1 with otherwise identical conditions compared
to the previous series. However, this resulted in identical XRD patterns which are therefore not shown and
a continuously decreasing trend of the saturation magnetization as a function of the rf power (Fig. 41(b)).
This could be caused by the formation of nanocrystalline γ′-Fe4N or Co4N with their respective reported
saturation magnetization values of 675 and 1432 kA/m (675 and 1432 emu/cm3) [59,63,192].





















Tc,fit(Fe15CoN) = (699±43) K
Tc,fit(Fe7CoN) = (730±79) K
Tc,fit(Fe80Co20N) = (955±17) K
Figure 42: Magnetization versus temperature measurements from 10 to 350K for (Fe100−xCox)8N sam-
ples with x = 6.4, 12.7, and 20. The displayed Curie temperatures were extracted by fitting
the curves from 100 to 350K.
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6.6 α′-Fe8N as a potential permanent magnet candidate
The results obtained for the saturation magnetization of α′-Fe8N support experimental as well as theoret-
ical investigations which report Ms to lie close to that of α-Fe, if slightly lower. Ms values between 1620
and 1630 kA/m (1620 and 1630 emu/cm3) could be reproducibly obtained independent of the utilized
deposition technique, giving further evidence against a giant magnetic moment. The anisotropy constant
K1 was extracted from the anisotropy field and amounted to 1.19× 105 to 2.05× 105 J/m3 (1.19× 106
to 2.05× 106 erg/cm3). The larger values for sputtered samples are most likely caused by the broader
range of adjustment for the growth kinetics this technique oﬀers compared to MBE. When separately
comparing the magnetic anisotropy and magnetization, K1 is of a similar magnitude as the commercially
available SrFe12O19 with approximately 3.6× 105 to 5× 105 J/m3 (3.6× 106 to 5× 106 erg/cm3) while
the Ms of α′-Fe8N is more than four times larger than 366 kA/m (366 emu/cm3), the Ms of the ferrite.
At the same time, due to iron being the most abundant transition metal in the earth’s crust and nitrogen
being the most abundant gas in our atmosphere, the resource cost of the iron nitrides is extremely low.
However, for any given ferromagnetic material to be qualified as a permanent magnet, its intrinsic
coercivity must be larger than its saturation magnetization [18]. Due to the high Ms of α′-Fe8N in
combination with its average anisotropy, a magnet built out of the iron nitride would demagnetize itself.







which should be larger than 1 for a permanent magnet [18]. For α′-Fe8N, κ lies between 0.19 and 0.25,
for the least and most favourable Ms and K1 combinations, respectively, both of which fall short of the
required value.
The reported Curie temperature was confirmed by fits of the M versus T behaviour of the α′-phase and
yielded (770± 73)K, albeit with a large error due to the limited temperature range available. While this
TC is lower than that of, e.g., AlNiCo5 or Sm2Co17 with around 1100K, it is suitably high for most ap-
plications in electric motors or generators and close to that of SrFe12O19 [18]. Unfortunately, the biggest
drawback of α′-Fe8N for its use in any application is the low decomposition temperature. As already
mentioned in detail in section 4.3, the onset of decomposition lies slightly above 353K. This result is
supported by the performed annealing experiments, although further studies are necessary in order to
precisely pinpoint the decomposition temperature. An attempt to improve this quantity through substi-
tution of one or more iron atoms by cobalt was not successful, due to the increasingly limited nitrogen
incorporation as a function of the Co rate. However, it stands to reason that no substitution of Fe by
Co was achieved in this study.
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7 Growth and characterization of interstitial Fe-B
Due to α′-Fe8N and α′′-Fe16N2 reportedly starting to decompose at temperatures as low as 353K, they
are unsuitable for most applications [155, 158]. Interestingly, while Ohtsuka et al. theorized that by
replacing the nitrogen by carbon similar, if slightly reduced, magnetic moments can be obtained through
the lattice expansion, an eﬀect that could also be exploited by boron was so far neglected [193]. This
might be attributed to the fact that in the equilibrium phase diagram, no phases FexB with x ≥ 3
exist [194]. In addition, the boron solubility on interstitial positions in α-Fe is close to zero at room
temperature, although it increases at elevated temperatures [195]. The challenge in this system is that
known thermodynamic phases like Fe2B and FeB as well as the metastable phase Fe3B form at equilibrium
conditions or higher temperatures due to the lower formation energy of substitutional compared to
interstitial boron [194–198]. However, the interstitial concentration of boron in iron was shown to
strongly depend on the presence of impurities in general or alloying elements like chromium [199, 200].
In addition, Reichel et al. performed DFT calculations which confirmed that for 11.1at.% interstitial
boron, a c/a ratio of 1.13 for a bct strained α-Fe can be achieved. While the change in magnetic
anisotropy was not calculated for this scenario, it was shown experimentally that interstitial boron can
be introduced in Co0.4Fe0.6 to induce a tetragonal distortion and an increased magnetic anisotropy of
K1 = 5× 105 J/m3 (5× 106 erg/cm3) [200,201]. Although these results are encouraging, the underlying
mechanism of anisotropy increase in interstitially distorted materials is mostly unknown, as mentioned
in section 4.2. Only recently, Zhang et al. found out that a specific local ordering of nitrogen interstitials
in α′′-Fe16N2, in addition to the symmetry break by the tetragonal distortion, is crucial to the increased
magnetic anisotropy as well as the occurrence of a perpendicular magnetic anisotropy [124,202].
In the first section of this chapter, section 7.1, a study towards the formation of interstitial boron as a
function of growth temperature is presented. The lattice distortion that results from interstitial boron
in the iron lattice is then investigated in section 7.2. Finally, the deviation from the expected magnetic
behaviour that was observed in the first two sections is analysed and explained via DFT in section 7.3.
For all studies, boron was evaporated from a high temperature eﬀusion cell (HTEZ, Dr. Eberl MBE
Komponenten GmbH) with iron being supplied by e-gun evaporation. All samples were grown with a
target thickness of 30nm and were additionally capped with a 5 to 10nm thick film of either Ag or Ta
to prevent potential oxidation.
7.1 Temperature dependence of B solubility
To get a first estimation on the behaviour of the iron rich side of the iron boron system, the sample
growth temperature was varied starting from 373K, a temperature suitable for α′-Fe8N growth, up to
773K in steps of 100K. For each temperature step, samples with three diﬀerent boron rates of 0.004,
0.008, and 0.013Å/s, were grown on MgO (100). The rates were chosen by the ratio of atoms assuming
a sticking coeﬃcient of 100% which would result in an expected boron content of approximately 2.9,
5.8, and 9.5at.%, respectively. The XRD patterns of all samples for each temperature and each growth
rate are shown in Fig. 43. Interestingly and contrary to nitrogen interstitials, growth temperatures of
373 and 473K lead to films that are mostly amorphous for boron rates higher than 0.004Å/s. This is
caused both by an increased crystallization temperature, an eﬀect which is known to scale with the boron
content, as well as an increased defect density in the iron lattice [201, 203]. Starting at 473K, a peak
shift of the α-Fe (002) reflex towards lower angles can be observed. This eﬀect is much more pronounced
for a growth temperature window around 573K, where a comparably good crystal quality can be ob-
served in addition to a systematic peak shift to lower diﬀraction angles as a function of the boron rate,
a first indicator for the existence of interstitial boron. At higher growth temperatures, the peak shift
is reduced again or even vanishes, indicating that less or no boron can be incorporated into the lattice.
In conclusion, a suﬃciently high temperature is necessary in order to form a highly crystalline sample
with boron interstitials, while at too high temperatures above 573K, although being more favourable for




























Figure 43: XRD patterns around the original α-Fe (002) reflection for diﬀerent growth temperatures
from 373 up to 773K with boron rates of 0.004 (left graph), 0.008 (centre graph), and
0.013Å/s (right graph), the dotted line indicates the position of the α-Fe (002) reflex [202].
7.2 Structural and magnetic properties of interstitial Fe-B
In order to further investigate the eﬀect of interstitial boron, a fine scan of the boron rate from 0.004
to about 0.018Å/s was performed in steps of about 0.0015Å/s at the optimized growth temperature
of 573K. The resulting θ -2θ diﬀraction patterns are shown in Fig. 45(a) and confirm, in line with the
previous observations, a continuous shift of the α-Fe (002) reflex to lower angles in addition to a peak
broadening with increasing boron rate. For samples grown at rates above 0.0135Å/s (the top three pat-
terns in Fig. 45), the peak positions remain constant and the peak intensities decrease, indicating that the
maximum solubility is reached. The observed shift of the (002) diﬀraction peak is qualitatively identical
to the change of the c-lattice constant of α′-Fe8Nx with increasing nitrogen content x . The additional
α-Fe (110) reflection that was observed at low boron rates was also observed for iron nitride samples
and is further discussed in the appendix. Fig. 45(b) shows the evolution of the extracted a- and c-lattice
constants for the interstitial iron boron (filled symbols) as well as α′-Fe8Nx samples (open symbols). The
content of interstitials was extrapolated by X-ray photoelectron spectroscopy (XPS) for the iron boron
samples. It can be seen that the out-of-plane lattice monotonously increases with increasing boron and
nitrogen content with α′-Fe8N having a larger c-axis lattice constant of 3.136Å compared to the iron
boron samples with c = 2.950Å. Contrary to the diﬀerent out-of-plane lattice constants, the in-plane
lattice slightly shrinks from a = b = 2.868Å (α-Fe [168]) to a = b = 2.812Å for the Fe-B system and
a = b = 2.811Å for Fe-N system, respectively. In accordance to Vegard’s law, this linear relationship of
the lattice constants as a function of the boron rate proves that boron occupies interstitial positions in
the iron lattice [180]. Although the trend for the tetragonal distortion is identical for both the boron and
the nitrogen interstitial system, the maximum achieved c/a ratio at the same nominal boron content of
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12%was approximately 1.05, i.e. half the tetragonalisation as compared to α′-Fe8Nx with c/a = 1.1 [202].
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Figure 44: XPS measurements of the iron 2p spectra for the samples grown with 0.012 and 0.016Å/s
compared to pure α-Fe as a reference. The inset depicts the boron 1s spectrum for the sample
grown at 0.016Å/s.
XPS measurements were performed in order to quantify the ratio of iron to boron in the samples as well
as to get an insight in the changes of the electronic structure. Prior to the measurement, the samples
were subjected to ion beam etching by Ar ions at 2 kV acceleration voltage until residual carbon or
oxygen adsorbates completely vanished from the survey spectrum. The iron 2p spectra of a pure iron
sample and two iron boron samples grown at rates of 0.012 and 0.016Å/s are shown in Fig. 44(a).
When comparing the iron 2p lines, no significant chemical shift can be observed. The essentially pure
iron spectrum indicates a weak hybridization between iron and boron that mostly influences the peak
position of the boron due to the iron to boron ratio of roughly 8 to 1. The relative boron content of
the films calculated by the ratio of integrated peak intensity of the boron 1s and iron 2p spectra was
corrected by the relative sensitivity factor and yielded about 8 and 12at.%, respectively [202].
For the sample with 8at.% boron shown in Fig. 44(b), a small shoulder peak at 188.5 eV and a broad
low-intensity peak around 191.7 eV were detected in addition to the high-intensity B1s emission at
188.5 eV. The two weaker peaks are even more pronounced in the boron 1s spectrum of the film with
the higher boron content as evident from Fig. 44(c). In literature, the segregation of boron into grain
boundaries was observed by transmission electron microscopy in iron boron thin films grown at similar
conditions [203]. The broad peak at higher binding energies was attributed to grain boundary segre-
gated boron while the shoulder at around 188.5 eV might be attributed to the formation of FeB or
Fe2B, for which a binding energy of 188.1 eV was reported [204]. By comparing the integrated inten-
sity ratios of these peaks and assuming that the highest intensity peak corresponds interstitial boron,
the eﬀective interstitial boron content in the iron lattice was estimated. The resulting amounts of in-
terstitial boron are 3.7 and 7.4at.% boron for the films containing nominally 8 and 12at.% boron,
respectively. While the α′-Fe8Nx sample with a corresponding nitrogen content of 7at.% still exhibited
a larger c/a of 1.08, the tetragonal distortion caused by the eﬀective interstitial boron is now comparable
(see the plot of the c/a ratio against the corrected boron content as shown in the inset of Fig. 45(b)) [202].
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Figure 45: (a) XRD out-of-plane patterns with increasing boron rates (from bottom to top) with an
indicator for the α′-Fe8N (004) reflex, (b) extracted a- (squares), c-lattice constants (circles),
and c/a values (inset, triangles) for the iron boron (filled symbols) and the iron nitrogen
system (open symbols).
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While the shift of the out-of-plane reflex is qualitatively identical to the behaviour the c-lattice constant
of α′-Fe8Nx exhibits with increasing nitrogen content x , the existence of a tetragonal distortion was
validated by additional in-plane XRD measurements. Figure 45(b) depicts the evolution of the a- and
c-lattice constants, extracted from the (011) reflex for the interstitial iron boron (filled symbols) as well
as the (022) reflex for α′-Fe8Nx samples (open symbols). The boron content was extrapolated from the
two samples subjected to XPS according to the ratio of the rates used for deposition. It can be seen
that while the out-of-plane lattice constant monotonously increases with increasing boron and nitrogen
content, the in-plane lattice constants shrink for both systems. In accordance to Vegard’s law [180], this
linear relationship of the lattice constants as a function of the boron rate proves that boron occupies
interstitial positions in the iron lattice. However, while the trend observed for the tetragonal distortion
is identical for both the boron and the nitrogen interstitial system and the a-lattice constant behaves
essentially the same, the maximum c/a which could be achieved with boron was approximately 1.05,
therefore half the tetragonalisation compared to α′-Fe8Nx with c/a = 1.1. This could be caused by,
both, a Boron segregation as well as the formation of other iron boride phases which would reduce the
amount of boron incorporated in the lattice compared to the average boron content in the film [202].
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Figure 46: φ-scan of MgO (022), Fe-B (011) with the mini-
mum as well as the maximum utilized boron rates,
and α-Fe (011) for comparison [202].
The crystallographic orientation of the
Fe-B films with respect to the MgO
(100) substrate was determined by φ-
scans of the (011) reflex for α-Fe and
Fe-B samples in comparison to the
(022) reflex of MgO. It is well known
that α-Fe as well as α′-Fe8N show an
in-plane alignment of Fe[110] and α′-
Fe8N[110] ‖ MgO[100] [125, 145]. As
can be seen from Fig. 46, iron boron
samples grown with boron rates of
0.005 and 0.015Å/s exhibit the same
relative growth orientation with Fe-
B[110] ‖ MgO[100]. The evolution of
the shrinking in-plane lattice constant
corresponds to an increased lattice mis-
fit and tensile strain from −3.68% for
α-Fe to −5.57% for Fe-B [202].
The hysteresis behaviour of the iron boron samples is shown in Fig. 47. For all samples, the in-plane
hysteresis shows a clear in-plane magnetic anisotropy with a saturation magnetization that is continu-
ously decreasing up to a B content of 12at.% with an Ms of 1450 kA/m (1450 emu/cm3). The overall
reduced Ms compared to the iron nitride is most likely caused by the segregation of paramagnetic boron
since linear M -H-contributions to the magnetization are subtracted from each measurement. For the
out-of-plane hysteresis, shown in the inset of Fig. 47, only the shape anisotropy can be observed. The
anisotropy constant K1 was determined through torque measurements performed at 300K for two sam-
ples containing approximately 4 and 12at.% boron. The measurement for the sample containing 4at.%
boron shows cubic as well as tetragonal terms contributing to the MAE when fitting the data to a Fourier
series, while the second sample exhibits only tetragonal terms. After subtracting the shape anisotropy,
it is found that the magnitude of K1 increases from −3.0 × 105 to −5.1× 105 J/m3 (−3.0 × 106 to−5.1× 106 erg/cm3) [202].
In order to gain insight on the temperature dependent magnetic properties of the interstitial iron boron
system, the Curie temperature was extrapolated through the means already described in section 6.1 and
according to the equation proposed by Kuz’min [177]. The experimentally measured data as well as the
corresponding fits are shown in Fig. 48. Surprisingly, although the low boron rate sample has a similar
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Figure 47: In-plane room temperature M -H half hysteresis for samples grown with diﬀerent boron rates.
The inset shows the out-of-plane hysteresis for samples with the lowest and highest utilized
boron rate [202].
curve progression to α-Fe, the higher curvature around 250K, indicating the presence of a second ferro-
magnetic contribution with a lower TC , results in a drastically reduced Curie temperature of (624± 23)K
with s = 0.19 ± 0.01 and p = 5.9 ± 0.4. When adjusting the fitting range to below 250K, the Curie
temperature amounts to around 950 to 980K, which lies within the expected range of the TC . This could
be caused by Fe2B with a Curie temperature of 598K or amorphous Fe90B10 with a TC of 480K, the for-
mation the latter being a possible reason for the diﬀerence between both Fe-B films’ Curie temperature.
The formation of FeB as well as Fe3B can be excluded due to their significantly higher TC of 1015 and
897K, respectively [205, 206]. The film grown at a boron rate of 0.015Å/s exhibits comparable prop-
erties to α′-Fe8N with an extrapolated Curie temperature of (856± 67)K, which is significantly higher
than (770± 73)K, the ordering temperature of the α′-phase. However, the eﬀective boron content in the
iron lattice was beforehand shown to be lower than the interstitially dissolved nitrogen in the α′-Fe8N
sample. It stands to reason that the Curie temperature shows a similarly decreasing trend for increased
amounts of interstitial boron as is observed in the interstitial iron nitrides, indicating that further boron
incorporation up to an iron to boron ratio of 8 : 1 would also decrease the TC . The s and p parameters
that were found for this fit are 0.53± 0.05 and 4± 0.6, respectively. According to equation 80, these
values correspond to a spin wave stiﬀness of (191± 27)meVÅ2, similar to (180± 41)meVÅ2, the value
found for α′-Fe8N.
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Figure 48: Magnetization versus temperature measurements (solid lines) from 10 to 350K for samples
grown with diﬀerent boron rates of 0.005 and 0.015Å/s as well as α-Fe and α′-Fe8N samples
for comparison. The displayed Curie temperatures were extracted by fitting the curves from
100 to 350K (dashed lines).
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7.3 DFT calculations on anisotropy in Fe-B
DFT calculations were performed by Hongbin Zhang from TU Darmstadt in order to clarify the origin
of the in-plane easy axis as well as the reason for the reduced anisotropy. Here, a 2×2×2 α-Fe supercell
was created based on the experimental lattice constants and filled with one or two Fe6B octahedra. For
6at.% boron in the iron lattice it was found that the MAE is indeed reduced with an easy-axis lying in
the film plane. When the boron content is increased to 12at.%, four diﬀerent cases of local ordering,
shown in Fig. 49, have to be considered. Except for the third arrangement, where the F6B octahedra
are separated from each other, configurations (a),(b), and (d) correspond to octahedra connected in the
(110) plane, along the [110] direction, and along the [001] direction, respectively. Table 3 shows the
calculated values for the total energies, the lattice volume, the MAE, and the change of orbital momen-
tum for these four variations of ordering as well as for the case of 6at.% boron [202].
Figure 49: Four possible geometries of Fe8B within a 2×2×2 supercell. The Fe6B octahedra are connected
in (a) the (110) plane, (b) along the [110] direction, and (d) along the [001] direction and
are (c) separated .
After optimizing the atomic positions, the total energies are found to increase from case (a), the most
stable configuration, to case (c) which corresponds to a local ordering that was shown to be favoured
by α′-Fe8N, with an energy diﬀerence of 16.86meV per Fe atom [124]. While the arrangement (a)
and (b) are energetically similar, the configuration (d) is significantly unfavoured. Such a trend is
still true for full relaxation calculations where the lattice constants are allowed to change from the
experimentally determined values. Furthermore, the two more stable cases (a) and (b) exhibit an in-
plane magnetic easy-axis, thereby confirming the experimental results. The experimentally determined
K1 = −5.1× 105 J/m3 (−5.1 × 106 erg/cm3) is several times larger than the theoretically predicted
anisotropy at a boron concentration of approximately 12at.%. However, this film exhibits an interstitial
B concentration of 6.5at.%, whose MAE agrees well with the calculated value for the case of 6at.% B.
Although the MAE of α′-Fe8N can be understood based on the variation of orbital moments between two
magnetization directions, the Fe-B system behaves diﬀerently, implying that the perturbation theory [51]
does not apply in this case. These results underline that the change in electronic and magnetic behaviour
is not only induced by the structural distortion caused by the interstitial occupancy of nitrogen and boron
but is strongly dependent on the influence of the interstitial element on the local electronic structure [202].
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Table 3: Calculated values for the relative total energy ∆E, the MAE, and the change of orbital mo-
mentum ∆ml for 6 and 12at.% boron in the lattice. Note that positive MAE values indicate
spontaneous out-of-plane magnetization direction [202].
∆E/(meV per Fe) MAE/(MJ/m3, (Merg/cm3)) ∆ml/µB
6at.% B N.A. −0.3770 (−3.770) -0.0521
12at.% B
Case (a) 0 −0.1180 (−1.180) -0.0026
Case (b) 6.69 −0.0383 (−0.383) -0.0672
Case (c) 16.86 0.2921 (2.921) 0.0026
Case (d) 548.29 0.2396 (2.396) -0.0302
7.4 Viability of interstitial Fe-B
Thin films consisting of tetragonally distorted Fe-B can be reproducibly grown at temperatures up to
approximately 573K, with a decomposition temperature potentially even beyond that. The amount of
soluble boron was, as expected from literature, strongly dependent on the temperature. However, while
the structural properties are promising and exhibit a behaviour which is qualitatively identical to the
iron nitride system albeit with a much higher temperature stability, the maximum solubility of boron in
the iron lattice limits the achievable c/a ratio to around 1.05. With 7.4at.% boron in the iron lattice, as
determined by XPS peak fitting, the Curie temperature of the Fe-B film was (856± 67)K and therefore
higher than the TC of α′-Fe8N [202].
Contrary to α′-Fe8N, a PMA was not achieved through this distortion, a fact which could be confirmed
by DFT. The calculations revealed that the local ordering of boron interstitials is diﬀerent to that of
nitrogen in α′-Fe8N, resulting in an in-plane easy axis, thereby further demonstrating the importance of
the local chemical environment on the magnetic properties of interstitially distorted α-Fe. Additionally,
the predicted anisotropies match the measured ones reasonably well [202].
While the anisotropy of the Fe-B system is suitable for permanent magnet applications due to the easy-
plane configuration, it is conceivable that by choosing the proper alloying element to substitute one or
more iron atoms in the lattice as well as by tailoring the in-plane strain, the local ordering could be
engineered in order to achieve a desirable high magnetic anisotropy while maintaining a suﬃciently high
decomposition temperature as observed for Fe-B films. This approach is supported by Reichel et al.
who reported that for a high Co content ≥ 50at.%, a tetragonal distortion with c/a ≈ 1.04 can be
achieved via boron or carbon incorporation and leads to an increased anisotropy of K1 = 5× 105 J/m3
(5× 106 erg/cm3) [201,207].
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8 Conclusion
This work was divided into two parts, the first part being the evaluation of the known interstitial iron
nitride α′-Fe8N as a potential permanent magnet candidate. As a first step, the growth conditions for
ε-FexN and γ′-Fe4N, both of which lie in close proximity to α′-Fe8N in the phase diagram, were deter-
mined through MBE. It was found that the crystallization of diﬀerent phases can be influenced by the
choice of substrate in addition to the variation of the growth parameters, especially for low temperatures
around 373K. Surprisingly, at 473K, it was possible to tetragonally distort the γ′-Fe4N lattice with
a maximum c/a of approximately 1.03, a previously unreported development, alongside the formation
of other, more nitrogen containing nitrides in an amorphous or nanocrystalline form. An increase of
magnetic anisotropy could not be observed through the tetragonalisation of the phase, most likely due
to the similarity of γ′-Fe4N to γ-Fe. Based on the observed phases, an MBE phase diagram of the binary
iron nitrogen system was developed for temperatures below 623K. While it is qualitatively identical to
the phase diagrams found in literature, the phase space for γ′-Fe4N was determined to be larger in terms
of stoichiometry as well as temperature.
With these results as a starting point for the growth conditions of α′-Fe8N, an optimization was per-
formed in order to pinpoint the exact temperature and nitrogen window required for the formation of
the phase. It was shown that at an iron growth rate of 0.1Å/s with a nitrogen flow of 0.07 sccm and an
rf power of 145W, a maximum magnetic anisotropy of 1.19× 105 J/m3 (1.19× 106 erg/cm3), which is
in good agreement with theoretical prediction as well as experimental reports, was found for the films
with an Ms of 1620 to 1630 kA/m (1620 to 1630 emu/cm3). Although the Curie temperature was
extrapolated to lie at (770± 73)K, a slightly lower value than the reported 813K, the general trend of
reduced Curie temperatures at increased nitrogen content for the iron nitrides is still true.
Since MBE grown nitrides are limited in their lowest possible nitrogen content due to the operation
limits of the radical source, a full nitrogen scan could not be performed on this unit. Therefore, rf
magnetron sputtering was utilized to optimize the growth conditions and then grow a series of films
ranging from pure iron up to stoichiometric α′-Fe8N. The saturation magnetization values found for
the α- and the α′-phase were closely matched to the results obtained for MBE grown films while the
magnetic anisotropy was larger with K1 = 2.05× 105 J/m3 (2.05× 106 erg/cm3), most likely due to an
improved local ordering in the sputtered samples. The magnetic moments evolved linearly from 2.28
to 2.47µB/Fe as a function of the lattice expansion, thereby confirming the magnetovolume eﬀect as
the origin of the increased moments. The results obtained were supported by XMCD measurements
performed by Yu-Chun Chen from MPI IS Stuttgart as well as DFT calculations performed by Hongbin
Zhang from TU Darmstadt. A giant magnetic moment exceeding 2.8µB/Fe, reported by several groups
for both, α′-Fe8N as well as α′′-Fe16N2, was not found in any sample synthesized during this work.
Based on several reports of increased magnetic moments close to the substrate or buﬀer layer interface,
a thickness study with diﬀerent substrates that exhibit lattice mismatches from −3.95 (MgO) to 0.08
(MAO) up to 3.5% (STO) compared to α′-Fe8N was performed. It was found that small to negative
mismatches are required for the phase to grow crystalline, evident from the lack of α′-Fe8N reflexes in
the XRD patterns for all films grown on STO. In line with this observation, the increase of magnetic
anisotropy compared to α-Fe was the largest for the smallest mismatched substrate, MAO. Unfortu-
nately, due to variations in the radical source behaviour, further conclusions could not be made from
this study.
Additionally, an annealing study was performed. This step is required, according to literature reports,
to form the ordered α′′-phase from α′-Fe8N. It was shown that the decomposition starts at much lower
temperatures than generally assumed in literature. Already annealing over 45 hours at 423K led to a
degradation of the magnetic properties. Results obtained by Yamamoto et al. were confirmed with a
second annealing procedure at 353K where no decomposition could be observed [155]. At the same time,
no evidence for an ordered phase could be found during both annealing procedures, emphasizing a well
controlled annealing temperature of approximately 373 to 393K in order to form the α′′-phase.
Version: February 12, 2018 79
As a final step during the investigation of α′-Fe8N, the first attempt to modify the binary iron nitride sys-
tem was performed by supplying cobalt in addition to iron during the sample growth. It was shown that
an increasing iron to cobalt ratio up to 80 : 20 suppresses the formation of α′-Fe8N, an eﬀect that could
not be circumvented by increasing the amount of nitrogen supplied. An increase of the Curie temperature
extracted from M versus T fits of these samples was found to be most likely caused by the presence of FeCo
phases with a high Curie temperature and not due to an improvement of α′-Fe8N through Co incorpo-
ration, an assumption that is supported by the soft magnetic response of all samples grown for this study.
For the second part, an attempt to tetragonally distort α-Fe via the introduction of boron was performed.
While this procedure is not possible at equilibrium conditions, the presence of boron interstitials in iron
was confirmed in MBE grown samples. In accordance to literature reports, it was shown that the sol-
ubility of boron in interstitial positions of iron is strongly dependent on the (growth) temperature. At
573K, a temperature significantly higher than the decomposition temperature of α′-Fe8N, a maximum
shift of the out-of-plane lattice constant was observed. In-plane measurements confirmed the qualitative
similarity of the Fe-N and Fe-B systems with a lattice parameters shrinking and c lattice parameters
growing as a function of boron and nitrogen. However, the maximum tetragonal distortion with a c/a
ratio of approximately 1.05 was lower than for interstitial nitrogen with c/a ≈ 1.12.
This behaviour was further investigated via XPS. Here, the Fe2p spectra measured were identical to
those of α-Fe. By fitting the B1s spectra, it was found that only a portion of the boron introduced into
the samples was incorporated in the iron lattice. The subsequently corrected evolution of c/a ratios
versus boron content are close to the expected tetragonalisation with similar amounts of nitrogen. It
was assumed, in accordance with a report of Otake et al., that boron not incorporated in the lattice
accumulates at the grain boundaries and therefore does not contribute to the tetragonal distortion [203].
Surprisingly, SQUID measurements revealed an in-plane anisotropy over the whole range of boron con-
tents. Although this lies in contrast to the evolution of a perpendicular magnetic anisotropy observed in
α′-Fe8N, the results were confirmed by DFT calculations performed by Hongbin Zhang from TU Darm-
stadt, thus emphasizing the importance of local ordering for the magnetic anisotropy in these interstitial
iron compounds. Curie temperatures extracted from fits were showing a decreasing TC as a function of
boron content, similar to the nitrogen counterpart. While the Curie temperature of the sample with the
highest B concentration was (856± 67)K and therefore higher than that of α′-Fe8N, a further reduction
with increased boron content in the iron lattice can be expected.
Summarizing, the magnetic moment and anisotropy of the iron nitride α′-Fe8N were investigated to
clarify the variations reported in literature. Through systematic study it was found, in accordance with
several theoretical and experimental reports, that the magnetic moment increases as a function of the
unit cell volume. However, due to the increasing cell volume the resulting Ms decreases compared to α-Fe.
In addition, although the Ms is independent of the deposition technique used, the magnetic anisotropy
is higher for sputtered samples, an eﬀect most likely related to ordering. The novel interstitial Fe-B
system behaves structurally similar to the α′-Fe8Nx system but exhibits undesired in-plane anisotropy
in combination with a comparably low magnetic anisotropy. Both systems demonstrate that it could
be possible to combine the suﬃciently high decomposition temperature of Fe-B with the desired hard
magnetic properties by engineering the local ordering of interstitials.
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9 Outlook
Although the interstitially distorted iron system oﬀers many potentially interesting properties for per-
manent magnets, as was demonstrated for both, nitrogen and boron, the impact of ternary elements has
so far been of minor interest and was only addressed for a few elements in literature. Systematic studies
to investigate the influence of alloying elements on not only the saturation magnetization, which is the
major focus in the existing literature on α′-Fe16N2 (e.g. references [116,127,143,208–210]), but also the
Curie temperature, the MAE, and the decomposition temperature for these systems do not exist. This
is especially surprising since Tayal et al. and Wang et al. reported an increase of thermal stability of
α′′-Fe16N2 when alloyed with Al, Zr, or Ti, while the addition of Co decreased the stability, as shown by
Takahashi et al. [116,164,166]. As already mentioned in section 4.3, these findings agree well with Bain’s
classification of the influence that alloying elements have on the phase diagram of iron from 1939 [167].
In order to investigate this behaviour in more detail, a Deutsche Forschungsgemeinschaft (DFG) pro-
posal, entitled "Engineering magnetic anisotropy by structural distortion of bcc α-Fe and other cubic
alloys", was submitted. By investigating ternary system (Fe100−xZx)8Y with Z being the alloying element
and Y being interstitial N, B, or C, the aim is to gain a systematic understanding of the role of alloying
elements in this group of materials. Since from the structural point of view, the interstitially distorted
iron is close to α-Fe, it stands to reason that the classification oﬀered by Bain also applies. In the ideal
case, the formation of the γ′-phase could be fully suppressed by the proper alloying element. This eﬀect
would not only increase the thermal stability of the α′-phase but also increase its stoichiometry window,
potentially allowing larger tetragonal distortions and consequentially larger magnetic anisotropies [154].
However, in addition to the structural changes induced by these modifications, an altered magnetic be-
haviour not only through the added element itself but also through the potential modification of the
local ordering is to be expected. This becomes clear when considering the DFT calculations performed
on nitrogen (see [124]) and boron interstitials (see section 7.3) which illustrate that this local ordering
of the iron octahedra with the interstitial at the centre plays a significant role in the evolution of MAE
in the phases of interest.
Furthermore, despite Co having a detrimental eﬀect on the properties of α′-Fe8N and the interstitial iron
boron system having a low MAE, the addition of Co in the range of above 50at.% to the interstitial iron
boron and iron carbon system is of interest. Reichel et al. demonstrated by thin films grown at room
temperature, that even for small tetragonal distortions up to c/a ≤ 1.04, a significant increase of K1 to
5× 105 J/m3 (5× 106 erg/cm3) can be realized [201, 207]. While the limited incorporation of B and C
impeded a further increase of MAE in their studies, the influence of an increased growth temperature or
a quaternary element on this system is unexplored until today.
While not included in the proposal, other dopants may be beneficial for the magnetic properties of the
interstitial iron nitrides, as demonstrated by DFT calculations performed by Khan and Hong for Li, Be,
B, C, and N doping of α′′-Fe16N2 in a recent publication. These elements were determined to act as
impurities that locally distort the lattice, thereby increasing the MAE by 10− 20% while maintaining
the magnetization [211].
Finally, an additional point of interest is the thickness dependent study of the magnetic properties of α′-
Fe8N. As reported, the magnetic moment of α′-Fe8N grown various substrates is dramatically increased
close to the substrate interface or for films less than 20nm thick [76, 119, 126, 212]. This indicates, that
large levels of strain, which can be maintained up to thicknesses at or slightly above the critical thickness,
have a large influence on the magnetic moment due to the change of the N to Fe distances of the radial
Fe8h as well as the axial Fe4e atoms within the Fe6N octahedra. However, an iron underlayer was used
for most of the reported studies. Since this complicates the precise determination of the magnetization
of the iron nitride layer, future studies should be performed with either no or a non ferromagnetic un-
derlayer (see table 2). In addition, Feng et al. found that the activation energy of the nitrogen ordering
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is reduced for tensile strained layers, thereby facilitating the formation of the α′′-phase, although its
evidence through XRD may be complicated due to the low intensities of the superstructure reflex [212].
Alternatively, by reducing the diﬀusivity, an increase of the thermal stability of the interstitial iron ni-
trides is conceivable. Combined with the formation of α′′-Fe16N2 from α′-Fe8N through annealing, only
briefly addressed in this work, these influences require a thorough analysis in order to be fully understood.
Especially the necessary temperature for this annealing step, reported to be significantly higher than
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A BN low-flow aperture and discharge tube designs
Figure A.1: Construction design of BN discharge tube.
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(a) 41 holes aperture.
(b) 65 holes aperture.
Figure A.2: Construction design of BN aperture with (a) 41 and (b) 65 holes of 0.2mm.
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B Formation of (002) and (011) oriented α-Fe
















Figure B.3: φ-scan of α-Fe(200) with respect to MgO(022).
During the growth of iron nitride sam-
ples, an additional RHEED pattern
(see Fig. B.5(a)) was observed without
secondary XRD reflexes present (see
section 6.1). During a series of sam-
ples which were grown without using
the radical source, an additional XRD
reflex at the position of α-Fe (011) was
observed, displayed in Fig. B.6. The
iron growth rate was set to 0.04Å/s at
a substrate temperature of 373K and a
molecular nitrogen flow which was var-
ied from 0.045 to 0.075 sccm. The resulting RHEED pattern was identical to the previously observed
and is shown exemplary for three samples in Fig. B.5(b) to (d).
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Figure B.4: Intensity of the (011) and (002) reflex as well as Ms
plotted against the nitrogen flow, extracted from
the measurements shown in Fig.B.6.
Interestingly, the α-Fe (011) reflex ap-
pears for low additions of both, ni-
trogen and boron, with a tendency to
vanish for higher concentrations, mir-
rored by the diﬀerent peak intensi-
ties plotted as a function of the ni-
trogen flow in Fig. B.4. This eﬀect,
so far unreported in literature, seems
to be similar of nature to the forma-
tion of β-Ta and β-W which can be
promoted by small amounts of nitrogen
or oxygen impurities [213, 214]. How-
ever, SQUID measurements revealed
a saturation magnetization of around
1580 kA/m (1580 emu/cm3), close to
that of α-Fe, the formation of allotropes
of iron like the paramagnetic γ-Fe and the antiferromagnetic ε-Fe can be excluded [215,216]. A φ-scan
at the expected reflection of (200) oriented α-Fe (Fig. B.3) revealed a fourfold symmetry, thus further
supporting the assumption that low concentrations of small impurities like N or B result in a crystal
growth with α-Fe(011)‖ MgO(001) and α-Fe[002] ‖ MgO[100], a rotation of 45° in- and out-of-plane
compared to the expected growth orientation of α-Fe on MgO (100) substrates.
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(a) Final RHEED pattern with 0.1Å/s and 145W. (b) Final RHEED pattern with 0.055 sccm.
(c) Final RHEED pattern with 0.06 sccm. (d) Final RHEED pattern with 0.075 sccm.
Figure B.5: RHEED pattern of (a) an α′-Fe8N sample and (b)-(d) samples grown with 0.04Å/s and
varying nitrogen flows; both recorded with the electron beam parallel to the (100) orientation
of MgO.



















-Fe (011) -Fe (002)
0.075 sccm
Figure B.6: XRD measurements of thin films grown at increasing nitrogen flow without using a plasma
at 373K and a growth rate of 0.04Å/s.
106
C MBE and sputtering processes
An important point of this work was to establish a procedure allowing the reproducible synthesis of sam-
ples with comparable properties when using identical growth parameters. The general procedure utilized
for MBE grown samples is summarized in a flowchart (Fig. C.8(a)). Before starting the deposition, the
substrates were subjected to a heat treatment of 973K for 30 minutes in vacuum. This step was found
to be necessary to remove the majority of adsorbates from the surface, thereby achieving a clean and
atomically flat substrate surface as can be seen from the clear and sharp streaks in the RHEED pictures
of bare MgO and MAO substrates before, during, and after the heat treatment displayed in Fig. C.7(a)
to C.7(f). This resulted in an overall improved crystal quality of the samples, particularly for the first
monolayers. The main challenge however, was found to be a stable (i.e. not strongly drifting) temper-
ature for the growth of α′-Fe8N, which, as reported in literature (see section 4.3) and experimentally
demonstrated (section 6.1), is susceptible to diﬀerent growth temperatures and, as shown in section 6.4,
has a lower decomposition temperature than generally assumed. Letting the temperature stabilize for
approximately 30 minutes resulted in suitably stable conditions. However, once the sample shutter was
opened, the operated sources introduced a thermal drift, an issue that could not be avoided or even
minimized during this work. A possible solution to this challenge could be the utilization of a heatsink,
ideally actively cooled, connected to the sample stage. Prior to the last step of sample synthesis, the
deposition of a capping layer, the sample was given time to cool down below approximately 353K.
Version: February 12, 2018 107
(a) MAO RHEED without annealing. (b) MgO RHEED without annealing.
(c) MAO RHEED pattern after 5 minutes anneal. (d) MgO RHEED pattern after 5 minutes anneal.
(e) MAO RHEED pattern after 30 minutes anneal. (f) MgO RHEED pattern after 30 minutes anneal.
Figure C.7: RHEED patterns of bare MAO and MgO substrates along their (100) direction without,
after 5, and after 30 minutes of annealing at 973K in vacuum prior to deposition.
Although the process for sputtered samples was essentially identical to the MBE growth described earlier,
a poor reproducibility was observed. Particularly for samples that were grown after an idle period of
8 hours or longer, no XRD peaks could be found and the films exhibited a high roughness as well as
poor density. However, when the same conditions were used to consecutively synthesize further samples
directly after this first deposition, the resulting films were of good crystal quality with smooth surfaces.
This eﬀect was found to be most likely caused by the sample manipulator that, when subjected to
the plasma during the initial sample, would outgas and therefore cause a high local partial pressure of
contaminants. To circumvent this issue, a pre-sputtering process was established prior to the deposition.
Initially, a blank sample holder was mounted on the manipulator to protect the heater from being
coated. Then, the desired source was started to expose the manipulator to the plasma and coat it for
approximately 15 to 20 minutes after which the chamber was pumped down again. Subsequently, the
holder was removed and pasted with a substrate in order to carry out the deposition. This process,
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Figure C.8: Flowcharts for samples grown by (a) MBE and (b) sputtering.
Version: February 12, 2018 109
